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ABSTRACT
M g-V and Mg-Zr alloys with nominal compositions 1,6, 17.5, 27 wt% V and 2, 8.6 and 
10.6 wt% Zr respectively were produced by PVD. All deposits exhibited compositional 
inhomogeneity, columnar microstructures and a strong basal texture. The solid 
solubilities o f V  and Zr in Mg were extended approximately to 17 wt% V and 10 wt% 
respectively. Grain refinement occurred with increasing solute content. The solid 
solution break up temperatm^dugeased as th^^and Zr content in the alloys increased. 
Pure V  precipitated when thq(sond solubility/was 'exceeded.
Both c and a lattice parameters, as well as the c/a ratio decreased with increasing
V content in the Mg-V alloys. The slight increase o f the a—lattice parameter and the 
decrease o f the c one led to a decrease o f the c/a ratio with increasing Zr additions in the 
Mg-Zr alloys.
The air-formed oxide on the surfaces o f the Mg-V alloys consisted 
predominantly o f hydromagnesite at the outermost surface with Mg(OH)2 in excess o f 
MgO underneath. No evidence o f V oxide in the surface film was foimd. Magnesium 
oxide was also foimd between the grains o f the deposits.
The air-formed oxide on the surfaces o f the Mg-Zr alloys consisted o f Zr02, 
MgO and possibly Zr sub-oxide. The presence o f the oxides beween the columnar 
grains gave rise to graded metal/oxide interfaces. The outermost surfaces o f the Mg-Zr 
alloys were similar* to the M g-V ones.
Analysis o f changes o f the Auger parameters o f the Mg-V and Mg-Zr alloys was 
also undertaken in order to investigate the electronic changes that take place upon 
alloying Mg with V  and Zr. Charge transfer between 0.09 and 0.11 electrons/atom from 
Mg to V as well as changes in the V d charge were calculated by measuring the Mg and
V Auger parameters and using the charge transfer model o f Thomas and Weightman.
Electron transfer between 0.02 and 0.03 electrons/atom from Mg to Zr was also 
found to occrn* upon alloying Mg with Zr. The electron transfer has been related to 
changes in crystal structure.
The Mg-V and Mg-Zr alloys were examined after immersion in 3 wt% NaCl 
solution for 5 and 15 minutes, 9 hours and 7 days. The dramatic increase in the 
corrosion rate o f the M g-V alloys was attributed to the precipitation o f pure V. The 
unsatisfactory corrosion performance o f the Mg-V alloys was attributed to the absence 
o f compositional uniformity through the thickness o f the Mg-V deposits and the low 
thermodynamic stability o f the corrosion products in the saline environment. 
Hydromagnesite at the outermost surface and Mg(OH)2, MgO and V20 4 in the bulk o f 
the corrosion layer were the corrosion products. MgH2 and areas enriched in metallic V 
within the bulk o f the corrosion products were also detected.
The low corrosion rates o f the Mg-Zr alloys, the lowest ever reported for Mg 
alloys, were attributed to the nature o f the corrosion products and particularly the Zr 
contribution. The corrosion products were enriched in Zr, and were non-porous and 
in many cases well adherent. X-ray and electron diffraction suggested the existence o f 
only Mg(OH)2 and MgO in the corrosion products, indirectly implying the 
participation o f zirconium oxide/hydroxide in an amoiphous/nanocrystalline state. 
Surface analysis indicated that a Zr oxide coexisted with Mg(OH)2 and MgO below a 
magnesium carbonate overlayer and also suggested the existence o f Zr hydrous oxide 
(hydroxide). The repetition o f the substrate pattern, as well as the fact that Zr 
hydroxide was replaced with Zr02 and Zr sub-oxide as the metal-oxide interface was 
approached, implied a corrosion mechanism involving inwards diffusion o f the 
anionic species.
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Chapter 1 Introduction
CHAPTER 1 
INTRODUCTION
Magnesium and its alloys offer attractive specific properties and are suitable for 
lightweight structures. However, their use in engineering applications has been limited 
by their poor corrosion performance in saline environments and the fact that for most 
applications Mg has to compete with Al and its alloys.
Research has addressed the corrosion issue. The corrosion performance o f conventional 
alloys, e.g AZ91, has been improved in high purity versions o f the alloys. Alloy 
development has also sought to keep below tolerance limits the elements that are known 
to be detrimental to the corrosion behaviour and explored the opportunities offered by 
non-equilibrium processing. Rapid quenching from the melt has been used to develop 
new Mg alloys with improved mechanical properties and corrosion performance [Neite 
et al 1996, Hehmann and Jones 1993]. The solid solubilities o f certain elements in Mg 
have been extended beyond their* equilibrium values. It has been established that the 
extended solid solutions o f certain o f these elements, e.g Al, exhibit improved corrosion 
performance in NaCI, which has been attributed to the presence o f the solute addition in 
the surface oxide/s [Neite et al 1996].
Thermodynamic consideration o f the corrosion o f Mg alloys shows that protection o f 
Mg can be achieved by passivation via formation o f a scale which exhibits low 
solubility in aqueous environements over a wide range o f pH. In the presence o f pure 
water M g is covered by MgO overlaid by Mg(OH)2. An improvement o f corrosion 
behaviour can he expected by formation o f another oxide in MgO or formation o f a 
double oxide. The alloying element should oxidise in preference to Mg or build up an 
oxide in the scale when Mg is depleted. This approach selects a number o f  different 
solute elements which include Al, Zr, Ti and V.
Earlier work on Mg-Al alloys whose microstmcture consisted o f  extended solid 
solutions showed that corrosion rates are reduced in the RS alloys with more than 
10wt%Al. This was attributed to spinel formation on the surfaces o f the alloys during 
processing. Subsequent in situ protection o f the alloys in a saline environment was
1
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provided via the formation o f surface compounds belonging to the pyrorite-sjogrenite 
group o f  minerals [Baliga 1990, Baliga and Tsakiropoulos 1992]. The structure o f the 
latter was used to identify candidate solute additions to Mg that could provide protection 
via the same mechanism. Ti and V  were selected as well as solute additions identified 
by thermodynamic analysis and previous research programmes.
Considering the types o f spinels it should be noted that these include the normal spinels 
such as aluminates [Mg2+Al23+0 4], vanadates [Mg2+V23+0 4], the partial inverse spinels 
such as titanates [Mg2+Ti4+0 4] and the inverse spinels such as vanadates Mg22+V4+0 4. If 
corrosion protection to Mg-V alloys were to be provided via the spinel/pyrorite- 
sjogrenite route o f scale formation then formation o f the MgV20 4 spinel should be 
sought through the processing o f the alloys.
The perspective for the formation o f a spinel type oxide in the surfaces o f Mg-Zr alloys 
seems less favourable due to die difference in ionic sizes between Zr (0.088 nm for 
valence 4+) and Al (0.051 nm for valence 3+), even though the requirement for the 
alloying addition having a higher than +11 (oxidation state o f Mg) oxidation state is 
satisfied. However, Zr can be selected as an alloying addition to Mg because o f the 
Jarge negative free energy o f formation o f Zr02 (-1028kJ/mole 0 2) and its relatively low 
solubility in water [Bray 1990].
The aim o f the research described in this thesis is to study the roles o f V  and Zr solute 
additions on the corrosion o f M g-V and Mg-Zr alloys in chlorine containing 
environments.
Vanadium and Zr were selected for the reasons outlined above. Non-equilibrium 
processing using vapour deposition was the selected method o f alloy preparation owing 
to the different melting points and vapour pressures o f Mg and V and Zr, the non­
existent or limited solid solubilities o f  V  and Zr respectively in Mg and previous success 
with the PVD processing of^Mg-TM alloys [Bray 1990].
The objectives o f the research are:
1. To characterise the bulk and surface microstructures ofM g-TM  (TM=V,Zr) alloys,
2
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2. To understand the alloying behaviour in the metastable M g-V and Mg-Zr solid 
solutions at the electron level and
3. To relate the bulk and surface microstructures o f the as deposited alloys to the 
corrosion behaviour o f the alloys in 3% NaCl.
The strategy adopted in order to realise the aim and objectives o f this research involved
(i) the PVD processing o f the alloys and (ii) the characterisation o f bulk and surface 
structures o f alloys in the as deposited and as corroded conditions using a range o f 
techniques such as XRD, SEM, analytical TEM, XPS, AES, RBS and DSC/TG. The 
different corrosion behaviour o f the two alloy systems, which became clear as the 
research progressed, allowed us to compare and contrast the roles o f V  and Zr in the 
corrosion behaviour o f the alloys.
The structure o f the thesis is as follows. In chapter 2 the corrosion o f Mg is briefly 
reviewed as well as research on alloy development by non-equilibrium processing and 
the phase equilibria o f  the Mg-V and Mg-Zr systems and o f MgO with vanadium and 
zirconium oxides. The processing o f the alloys and the experimental techniques used in 
this thesis are described in chapter 3. The presentation o f the results is done in chapters 
4 to 9, with chapters 4 and 5 dedicated to the as deposited and corroded M g-V alloys 
respectively. Chapter 6 studies the electronic changes that take place in M g-V solid 
solutions when alloying Mg with V  and presents a calculation o f charge transfer 
between Mg and V. The results and discussion for the as deposited and corroded Mg-Zr 
alloys are presented respectively in chapters 7 and 8. Chapter 9 compares and contrasts 
the alloying behaviour o f Mg with V  or Zr and the corrosion performance o f M g-V and 
Mg-Zr alloys. The conclusions o f the research and suggestions for future work are 
presented in chapter 10.
3
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CHAPTER 2 
LITERATURE SURVEY
2.1 CORROSION OF MAGNESIUM ALLOYS IN AQUEOUS SOLUTIONS
2.1.1 INTRODUCTION
The most serious drawback o f using Mg in engineering applications is its high 
reactivity. It corrodes so readily in some environments (e.g. saline) that it is often used 
as a sacrificial anode, when joined to more noble metals on structures such as ship's 
hulls, steel piles, buried pipelines etc. The corrosion behaviour o f Mg-alloys is 
influenced by several factors such as alloy composition, corrosive environment, 
processing conditions, design, assembly practice and properties o f the surface films. In 
aqueous environments Mg forms a passive Mg(OH)2 film. This film, which is the 
transformation product o f the initially formed MgO [Huber 1953] offers a significant 
corrosion protection in alkaline environments with pH > 11, which is the equilibrium pH 
value for Mg(OH)2 in the Pourbaix diagram for magnesium [Pourbaix 1966] (figure 
2.1). However, several anions such as chlorides, sulphates, and nitrates, which are 
present in water and salt solutions, destroy the passivity offered by Mg(OH)2. In 
addition, Mg dissolves very rapidly in acids, except in pure hydrofluoric and chromic 
acids where it is protected by the MgF2 and MgOCr20 3 films formed respectively 
[Bothwell 1967].
The corrosion o f Mg and Mg alloys is strongly affected by the presence o f impurity 
elements (e.g. Fe, Ni, Cu), some o f which have well defined tolerance limits above 
which corrosion rates increase dramatically [Makar and Kruger 1993]. Magnesium 
alloys suffer mainly from galvanic and localised corrosion as well as stress corrosion 
and corrosion fatigue. Use o f high purity alloys, surface treatments, protective films and 
coatings, and non-equilibrium processing have contributed in overcoming the corrosion 
problems o f Mg alloys [Makar* and Kruger 1993].
4
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The electrochemistry, effects o f alloying additions, types o f corrosion and protective 
treatments, and the role o f rapid solidification on corrosion resistance o f Mg are 
discussed in this chapter.
2.1.2 HIGH TEMPERATURE OXIDATION AND ATMOSPHERIC 
CORROSION OF MAGNESIUM ALLOYS.
Magnesium oxidises parabolically up to 723 K and a protective MgO oxide film forms 
when it is exposed to dry air. MgO is a stoichiometric compound which is characterised 
by a defect free structure. However, in practice macroscopic and microscopic defects 
such as cracks and dislocations are observed, either because o f processing conditions, 
e.g. introduction o f stresses and cracks due to quenching or impact during conventional 
or rapid solidification, or because o f oxide growth processes. The presence o f these 
defects make the thermodynamically very stable MgO (figure 2.2) less protective.
Magnesium oxidises linearly above 723 K resulting in the formation o f a non-protective 
MgO film, with a Pilling-Bedworth ratio (i.e. the ratio o f the molar volume o f the oxide 
to that o f the metal from which it was produced) equal to 0.81. This ratio indicates that 
the oxide occupies less volume than the metal from which it forms i.e. the oxide is 
porous or in a stress state o f tension. When the oxide scale reaches a critical thickness it 
disintegrates spontaneously, the oxygen again reacts with the metal and the growth rate 
becomes linear and a porous white oxide film forms on the surface. The growth rate at 
this stage is controlled by the disintegration rate o f the underlying film [Makar and 
Kruger 1993, Gregg and Jepson 1958-1959, Leontis and Rhines 1946].
Alloying additions which depress the melting temperature have been reported to 
increase the oxidation rate [Leontis and Rhines 1946] (figure 2.3). Traces o f  impurities 
such as hydrocarbons promote the oxidation at T > 773 K  [Castle et al 1962]. 
Magnesium alloys exhibit a creditable oxidation resistance in gaseous atmospheres 
containing S02 or H2S [Makar and Kruger 1993]. Additions o f 0.01% Be (e.g. in 
magnox alloys) increase the high temperature oxidation resistance o f M g because o f the 
formation o f a subsurface layer o f BeO [Emley 1966, Leontis and Rhines 1946].
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Surface analysis has suggested that the stages o f early oxidation o f polyciystalline pure 
Mg and Mg alloys with a low Fe concentration in water vapours at room temperature are 
as follows [Splinter et al 1993]:
[1] a chemisorption stage
[2] a rapid oxide nucleation and island growth stage
[3] a slow growth stage which follows the coalescence o f the oxide islands.
Exposure o f Mg to atmospheric oxygen, i.e. oxygen containing water vapour, results in 
the formation o f a surface layer o f oxide and hydroxides which offer considerable 
protection. However, this layer is susceptible to attack by chlorine ions in chloride 
containing environments.
The hydroxide layer may also react with dissolved atmospheric acidic gases such as 
carbon dioxide and sulphur dioxide (in industrial atmospheres) to form magnesium 
carbonate and magnesium sulphate respectively, which dissolve in water (especially the 
sulphate and the bicarbonate) causing dissolution o f the protective film [Bothwell 1967].
2.1.3 ELECTROCHEMICAL ASPECTS OF THE CORROSION OF 
MAGNESIUM ALLOYS
Corrosion o f Mg and its alloys is characterised by the simultaneous occurrence o f an 
anodic reaction (oxidation)
M g—»M g+++2e (2.1)
and a cathodic one which is usually related to hydrogen evolution 
2Hf+2e' ->  H2 (2.2)
and/or oxygen reduction
6
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0 2+2H20+4e —>• 40H ' (neutral or basic solutions) (2.3)
or
0 2+4lT+4e" —» 2H20  (acid solutions) (2.4)
since in most cases the corrosion environment is aerated.
The general reaction Mg+2H20  —» Mg(OH)2+H2 (2.5)
can be divided into two half-cell reactions:
M g+20H' —>• Mg(OH)2+2e (standard electrode potential -2.69V) (2.6) and
2H20+2e~ —> 20H ‘+H2 (standard electrode potential +0.828V) (2.7)
In practice, the Mg standard electrode potential at 298 K is approximately IV  more 
positive due to the formation o f the fairly stable and less conductive Mg(OH)2 film 
[Robinson and King 1961, Hoey and Cohen 1958, Huber 1953]. The electrode potential 
o f the metal is near the hydrogen potential (i.e. fairly positive) in pure water and in 
alkaline solutions. In this case small anodic current densities cause a further polarisation 
and the main cathodic reaction is oxygen reduction (if sufficient aeration occurs) which 
results in the formation o f OH'.
The presence o f anions (chlorides, sulphates, bromides) make the potential more 
negative, anodic polarisation is reduced and the hydrogen evolution becomes the 
principle cathodic reaction [Bothwell 1967, King 1963, Robinson 1946].
The effective sites for hydrogen evolution are particles containing impurities such as Fe, 
Cu and Ni (i.e. elements with a low hydrogen overvoltage) or surface defects (e.g. 
cracks on the hydroxide film etc.) [Baliga et al 1989, Baliga 1990, Baliga and 
Tsakiropoulos, 1991,1993]. Harmful ions such as chlorides, sulphates and bromides are
7
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attracted to anodic sites where they form magnesium salt, the acidic nature o f which 
damages the hydroxide film [Robinson 1946]. The more soluble this magnesium salt is 
the more it activates the Mg potential. However, there is a limit to the concentration o f 
the anions required to cause activation o f Mg potential. This threshold increases as the 
pH increases [King 1963],
A  characteristic feature o f Mg corrosion is the discrepancy between the anodic Mg 
consumption evaluated by hydrogen evolution and that calculated by Faraday’s law for 
the formation o f M g¥ Thus, Mg corrosion in action is much greater than the predicted 
one and this is known as "the negative difference effect" [Makar and Kruger 1993]. 
Possible explanations include: (a) loss o f metal by spalling, (b) damage o f the film by 
ions and formation o f magnesium hydrides and (c) formation o f metastable monovalent 
magnesium ions which when subsequently react with water, liberate greater amounts o f 
hydrogen through the reaction
2Mg++H20  -»  M gO+M g^+Rj (2.8)
compared to the amounts o f hydrogen produced when only divalent magnesium ions are 
involved [Tunold etal 1977, James et al 1963, Robinson and King 1961].
2.1.4 THE ROLE OF ALLOYING ELEMENTS AND IMPURITIES ON 
CORROSION OF CONVENTIONALLY PRODUCED MAGNESIUM ALLOYS
An indication o f the high reactivity o f Mg is its highly negative electrode potential. This 
makes it susceptible to internal galvanic effects in the presence o f an electrolyte, when a 
variety o f metallic phases with more positive potentials are present in the microstructure.
Extensive research on wrought and casting Mg alloys has studied the effects o f alloying 
elements on corrosion. Hanawalt and co-workers [Hanawalt et al 1942] investigated the 
role o f different elements on the corrosion resistance o f Mg casting alloys in 3 wt% 
NaCl. Figure 2.4 illustrates the tolerance limit o f the common impurity elements Fe, Cu 
and Ni. Hanawalt et al estimated the tolerance limits to be as follows: Fe (0.015wt%), 
Cu (0.1 wt%), Ni (0.005wt%), Co (<0.2wt%), Zn (2wt%), Ca (0.3wt%) and Ag
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(0.5wt%). When the tolerance limits were exceeded the corrosion rate increased 
gradually with Zn, moderately to rapidly with Ca, and extremely fast with the heavy 
elements. Hanawalt et al also suggested that the effect o f other elements like Pb, Sn, 
Cd, Al, Mn, Si, and Na was negligible at concentration levels up to 5 wt%.
Iron, Cu and Ni are common impurities in Mg and their deleterious effect overshadows 
the effect o f non metallic impurities, flux inclusions, porosity and grain size [Hanawalt 
et al 1942]. Their low hydrogen overvoltages make them favourable sites for hydrogen 
cathodic evolution. Addition o f Al lowers the tolerance limit for Fe to 0.003wt%. This 
effect is attributed to the formation o f aluminium-iron phases with low solubility in Mg 
and with high effectiveness as cathodes. However, addition o f 0.2 wt% Mn stabilises 
the iron tolerance limit in alloys containing 2-10 wt% Al. In general, additions o f Mn 
increase the tolerance limits for Fe and Ni, thus improving the corrosion resistance o f 
Mg alloys [Makar and Kruger 1993, Bakhvalov and Turkovskaya 1965, Hanawalt et al 
1942].
Several mechanisms have been suggested to explain the beneficial effects o f Mn 
including formation o f Mn-Fe compounds and subsequent precipitation to the bottom o f 
the melt, or encapsulation o f  Fe particles by Mn preventing them from becoming active 
local cathodes [Bakhavalov and Turkovskaya 1965, Robinson and George 1954]. The 
Mn intermetallic compounds containing Fe and Mg have higher hydrogen overpotentials 
than the cathodic inclusions that do not contain Mn.
It has been reported that Al, Zn and B promote hydrogen bonding in the hydroxide film 
[Kruger et al 1986] and that silicon additions may promote the formation o f  a Si02 
surface protective film. Incorporation o f A l , Zn and Y  has been suggested to take place 
in the surface oxide films o f alloys AZ91 and WE54 respectively [Thome et al 1989]. 
The presence o f Y  in the oxide was enhanced by a factor o f five. The passivity o f these 
films is believed to play a significant role in the improved corrosion performance o f the 
alloys.
Hallopeau et al. investigated the electrochemical behaviour o f pure Mg and AZ91E in 
0.5 M sodium sulphate solution with and without the presence o f S i032‘ and Cr042' ions
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[Hallopeau et al 1997]. The corroded surfaces were analysed using X-ray microanalysis 
and the results were also related to pH changes. In the region 6.2<pH<10.5 Al played a 
protective role, whereas at higher pH values (10.5<pH<12) the effect o f Al was 
insignificant. At even higher pH values (pH=13) both pure Mg and the AZ91E alloy 
were fully protected due to the formation o f a passivating MgO layer. It was also found 
that presence o f Cr042' was efficient at neutral pH values, while S i032' was effective at 
high pH values.
Corrosion rates o f Mg-10wt%Gd, Mg-10wt%Dy, Mg-3wt%Nd-0.4wt%Zr, Mg- 
10wt%Gd-3wt%Nd-0.3wt%Zr, Mg-10wt%Dy-3wt%Nd-0.4wt%Zr and WE54 alloys in 
5 wt% NaCI saturated with Mg(OH)2 indicated that the presence o f heavy rare-earth 
elements enhanced the corrosion resistance, although the open circuit potential was 
shifted to more negative values [Nakatsugawa et al 1997]. The improved corrosion 
performance was attributed to passivation due to the formation o f MgH2 as well as to the 
presence o f Gd, Nd and Dy compounds in the MgO/Mg(OH)2 film o f corroded Mg- 
Gd(Dy)-Nd-Zr alloys [Kiryuu et al 1996]. It has been suggested that the beneficial 
effect o f the rare earth additions arises from the stabilisation o f MgO, Mg(OH)2 and 
3M gC03.M g(0H)2.3H20  in the surfaces o f these alloys [Kiryuu et al 1996].
It has also been shown [Lunder et al 1989] that the y-phase (M g17A l12) [Massalski 
1990], which exists in the microstructure o f the AZ91 alloy, is corrosion resistant in 
5wt% NaCI solution for a pH range which was wider than the range for testing both Mg 
and Al. Detection via Auger electron spectroscopy o f Al oxide co-existing with Mg 
oxide in die surface o f synthetically produced M g17A l12 in both corroded and non 
corroded conditions was considered as the reason for the passivating behaviour o f the 
M g17A l12 phase. It has been suggested by Lunder et al that when M g17A l12 is either 
finely dispersed, via rapid solidification processing, or continuously precipitated along 
grain boundaries by heat treatment, it could enhance corrosion resistance. The fine 
distribution o f this phase and the subsequent ennoblement o f the Mg matrix, as well as 
the refinement o f the Fe-inclusions themselves, have been proposed to be the controlling 
factors for die increase in corrosion resistance o f Mg-Al alloys [Hehmann and Jones 
1993].
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Although Fe in the bulk structure o f Mg-alloys has deleterious effects on their corrosion 
resistance, especially in chloride containing environments, iron ion implantation has 
been claimed to ennoble pure Mg as well as the Mg-matrix o f a M g-Al- Zn alloy 
(AZ91C) [Akavipat et al 1985]. After Fe implantation the corrosion action was reversed 
and the islands o f the M g17A l12 phase were attacked preferentially instead o f the Mg 
matrix. The same effect has been claimed for B ion implantation [Akavipat et al 1983]. 
However, Baliga and Tsakiropoulos [Baliga and Tsakiropoulos 1993] could not confirm 
the above observations o f Akavipat et al [Akavipat et al 1983] when Fe or B were 
implanted in Mg-16A1 splats.
2.1.5 TYPES OF CORROSION AND PROTECTIVE TREATMENTS OF 
MAGNESIUM ALLOYS
The coixosion o f Mg alloys is mainly related to galvanic and localised (microgalvanic) 
mechanisms. The first, which is mainly a result o f inappropriate design and assembly o f 
components, is responsible for the poor corrosion reputation o f M g alloys. It occurs 
whenever these alloys are joined directly with more noble alloys in the presence o f an 
electrolyte. The second type is caused by the existence o f a variety o f metallic phases 
usually containing Fe, Ni, Cu impurities which act as cathodes (see above). The driving 
force for the corrosive effect o f  a particular phase has been attributed to the difference in 
solution potentials o f Mg and the minor phase minus the hydrogen overvoltage o f the 
minor phase [Makar and Kruger 1993].
Use o f high purity alloys with Fe, Ni, Cu levels lying below the tolerance limits as well 
as improvement o f metal-handling practices and casting technology to reduce flux 
contamination, have proved essential steps towards improving the corrosion behaviour 
o f Mg alloys. Magnesium galvanic corrosion can also be prevented with proper design 
and assembly considerations. Some essential precautions are: (a) minimisation o f the 
water accumulation at contact points o f dissimilar metals, (b) choice o f  a metal more 
compatible with Mg and (c) insulation, against electrical contact.
Magnesium alloys do not suffer from intergranular corrosion when the phases at the 
grain boundaries are cathodic relative to the grains. Most o f the work on Mg stress
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corrosion cracking (SCC) has been done on Mg-Al alloys [Makar and Kruger 1993]. It 
has been established that cracking is usually transgranular although certain heat 
treatments can activate the intergranular mode by affecting grain size and grain 
boundary precipitation. It has also been shown that cracking is accelerated in 
environments containing sulphate and halide ions. Although hydrogen embrittlement 
has been recognised as the dominant mechanism for transgranular SCC, in some cases 
the existence o f a bare surface provides entry for the cracking mode and thus the 
repassivation rate becomes an important parameter in the cracking process.
Research on corrosion fatigue [Makar and Kruger 1993] has indicated that the fatigue 
crack growth is accelerated in the same environments as those which accelerate stress 
coiTosion crack growth. It has been also shown that there is a distinct plateau in the 
curve o f crack growth velocity versus stress intensity, which indicates a constant crack 
growth velocity within a stress intensity range (8-12 MNm3/2).
A  series o f surface chemical or electrochemical pre-treatments, like conversion coatings 
to passivate the surface and provide a better substrate for subsequent paintings, or 
surface treatments (coatings, painting, ion implantation, laser annealing), have been 
developed to improve the corrosion performance o f Mg alloys [Makar and Kruger 
1993]. Some o f the most important pre-treatments are chromate, phosphate treatments 
and anodising processes. The formation o f protective films produced by chemical or 
electrochemical means provides protection against atmospheric corrosion for relatively 
short periods. These films are most effective in producing a resistant surface for the 
retention o f organic coatings. Oils and greases are also used for temporary protection 
whilst coatings such as the cathodic epoxy electrophoretic primers, cathodic primers, 
nylon coatings, resin sealed anodic coatings are used successfully for the improvement 
o f the corrosion properties.
In a recent study on the surface properties o f Mg [Galun et al 1997], laser alloying with 
Al improved the corrosion resistance in 3wt% NaCl, when the Al content was higher 
than 20 at%. This is consistent with the results o f Hehmann [Hehmann 1988]. The 
improved corrosion performance could be attributed to the combined effect o f a coating 
formation together with the rapid solidification effects (see section 2.2.1) such as
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microstuctural refinement, compositional homogeneity and solid solubility extension. 
Microscopic investigations showed that at alloying contents higher than 34 at% Al the 
alloyed surface consisted completely o f the intermetallic compound M g17A l12 in a 
compact form. Surface passivity due to the presence o f M g17A l12, (see section 2.1.4) 
might be the reason for the improved corrosion resistance o f the heated surface.
2.2 CONTRIBUTION OF RAPID SOLIDIFICATION PROCESSING TO 
THE IMPROVEMENT IN CORROSION PERFORMANCE OF MAGNESIUM 
ALLOYS.
2.2.1 CORROSION RESISTANCE PROSPECTS OF RAPIDLY 
SOLIDIFIED MAGNESIUM ALLOYS.
Rapid solidification (RS) processing has the potential to improve the mechanical and 
corrosion properties through the capability o f producing extended solid solutions, new 
metastable crystalline and amorphous phases, and homogeneous and refined 
microstructures. Since the solubilities o f many elements in Mg are limited (Table 2.1), 
rapid solidification extends the possibilities for alloy development.
There are three main ways o f assessing the contribution o f RS to the development o f 
improved corrosion performance o f Mg alloys. The first and probably most favourable 
effect is the development o f novel Mg alloys, the surface o f which would consist o f a 
stable, self-healing, protective film in the formation o f which the alloying addition 
should participate. This film should ideally have low ionic and electronic conductivity 
and should promote anodic polarisation and consequently reduction o f  the metal 
dissolution rate. The second is the production o f a refined microstructure, the 
homogeneity o f which would decrease the cathodic reaction o f potentially more noble 
particles. In this case a fine and extensive distribution o f the noble precipitates raises the 
overall corrosion potential o f the matrix in which they are formed . The third approach 
concerns the prospect o f increasing the electrode potential, o f Mg when it is alloyed with 
a more noble metal. The necessary requirement in this case is the formation o f a 
thermally stable solid solution and the absence o f second phase precipitation, so that 
microgalvanic corrosion effects can be avoided.
13
Chapter 2 Literature Survey
Table 2.1: Maximum equilibrium solid solubilities o f solute elements in Mg [Froes et al 
1987].
Solubility (at%) Alloying addition
<0.1 Ba,Ce,Co,Cu,La,Ge, Pr,Ni,Sr,Si,Sb
0.1-1 Zr,Th,Sm,Nd,Pd,Mn,La,Gd,Au
1-5 Ag,Bi,Sn,Ga,Yb,Y
5-25 Al,Zn,Dy,Er,Ho,In,Li,Lu,Pb,Sc,Tl,Tm
>25 Cd
2.2.2 IMPROVEMENTS IN CORROSION RESISTANCE BY RAPID 
SOLIDIFICATION PROCESSING.
The beneficial effects o f Mn additions in the corrosion behaviour o f conventionally 
developed alloys were discussed above (§2.1.4). Manganese also seems to increase the 
corrosion resistance o f RS Mg alloys. Lowering o f the corrosion rates o f RS alloys has 
been reported when Mn was added to Mg-Al (up to 4 wt% Mn) and Mg-Zn (up to 2 
wt% Mn) as well as to complex alloys [Joshi et al 1989, Joshi and Lewis 1988].
Although Ca belongs to the group o f elements such as Zn, Li, Si, which have been 
reported [Joshi et al 1989, Joshi and Lewis 1988] as being detrimental when alloyed 
with Mg via RS, it has been found that appropriate heat treatment o f splat quenched Mg- 
Ca alloys reduces their corrosion rates [Hehmann et al 1986]. This improved 
performance was attributed to the dispersion o f Ca containing particles, which protect 
the Mg matrix cathodically.
Corrosion rates o f melt spun ribbons o f binary Mg alloys (Mg-X, X=A1, Ca, Li, Si, Zn) 
in a sodium borate buffered solution (pH=9.2), which were measured using 
electrochemical impedance spectroscopy (EIS), showed that Al caused a decrease in the 
corrosion rate o f  Mg [Makar and Kruger 1990, Makar et al 1988]. The Al content in the 
binary alloys was 14.4wt%, 28wt% and 42.8wt%. Surface analysis showed that the air 
formed oxide on the Mg-Al ribbons was 5-15 nm thick and had a layered structure o f 
MgO-(Mg,Al) oxide which became thinner as the Al content increased. The
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improvement o f the corrosion resistance was attributed to the nature o f the oxide film 
enriched in Al. The corrosion rates o f complex alloys based on small additions o f Ce 
and Mn, which were also investigated in these studies, were found to be relatively low 
as well.
Electrochemical characterisation using potentiodynamic and potentiostatic polarisation 
indicated improvement in the corrosion performance o f binary M g-Al RS ribbons 
containing 9.6 to 23.4 wt% Al in aerated 0.00IM NaCl solution [Hehmann et al 1989]. 
This investigation showed a decrease in corrosion potential as well as in corrosion 
current by two orders o f magnitude as the Al content was increased to 23.4wt%. The 
presence o f Al also seemed to affect the pitting potential which began to increase as the 
Al content was increased from 17 to 23wt%. The improved corrosion resistance was 
attributed firstly to the formation o f an extended solid solution and secondly to the 
existence o f a protective film enriched with aluminium.
Decreased corrosion rates in 3wt% NaCl solution buffered with Mg(OH)2 to pH=10.9 
were also observed in RS binary M g-Al alloys containing up to 14.5wt% Al produced 
by twin piston splat quenching [Ahmed et al 1990]. These results were in agreement 
with those obtained by Makar et al. [Makar et al 1988] who suggested that the beneficial 
effect o f  A l was due to the composition and structure o f the surface air formed film 
which consisted o f an Al-Mg mixed oxide layer underneath a MgO layer with the latter 
becoming thinner as the Al content was increased.
Warner et al studied corroded RS Mg-9wt%Al ribbons and concluded that Al in solid 
solution improved the corrosion resistance whilst the M g17A l12 precipitates were 
detrimental to the corrosion behaviour [Warner et al 1992]. They concluded that 
corrosion initiation was promoted locally by Mg17Al12 precipitates at the grain or cell 
boundaries, while intragranular precipitates did not seem to promote corrosion to the 
same extent. Warner et al attributed the improvement in the corrosion behaviour to the 
more effective passivation o f the Mg-Al solid solution rather than the formation o f a 
more protective corrosion layer.
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Baliga found no evidence o f  Al presence in the surface film formed on Mg-3.5wt% Al 
splats after immersion in 3wt% NaCI saturated with Mg(OH)2 [Baliga 1990, Baliga et al 
1989, 1992, Baliga and Tsakiropoulos 1991, 1992, 1993]. On the contraiy, the quantity 
o f A l ions present on the surface film increased with Al content in Mg-10wt% Al and 
Mg-16wt%Al alloy splats. It was suggested that the dramatic improvement in the 
coixosion properties o f the splat quenched alloys with an Al content greater than 10wt% 
was due to the incorporation o f Al ions in the prior oxide/hydroxide film, the thickness 
o f which varied between 10 and 50 nm, and the subsequent formation o f a corrosion 
film consisting o f a double layered hydroxycarbonate/chloride brucite structure 
belonging to the pyroaurite - sjogrenite group o f minerals.
It has been shown that rapid solidification results to an increase o f the breakdown 
potential for pitting corrosion o f a RS M g-6Al-lZn alloy [Makar and Kruger, 1990] and 
that films formed on Mg metallic glasses (Mg70Zn30) are less susceptible to pitting 
corrosion than those formed on pure magnesium [Hagans 1987].
In addition to the use o f RE elements to improve the mechanical behaviour o f 
conventional cast and wrought Mg-alloys (see §2.1.4), research on the coixosion 
resistance o f RS Mg-RE alloys has shown promising results. Krishnamurthy et al 
investigated the corrosion behaviour in 0.01 M NaCI o f melt spun ribbons and twin 
piston quenched splats o f binary Mg-RE alloys containing up to 20wt% Nd, 26wt%Y, 
and 21wt%Ce, by using potentiodynamic polarisation [Krishnamurthy et al. 1988a,b]. 
The polarisation curves for the M g-Y and Mg-Nd alloys showed a region o f 
pseudopassivation and a decrease in current density which became greater as the Nd 
content increased. It was suggested that the improvement o f the corrosion resistance 
was due to microstructural refinement and homogeneity achieved with RS, and also due 
to the enrichment o f the surface film with the RE element as well as due to the formation 
o f  second phase particles containing rare earth elements. These particles acted as anodic 
sites, because o f die slightly more negative electrode potential o f the RE elements in 
comparison with Mg. In this way the second phase protected sacrificially the Mg matrix. 
The same pseudopassivation behaviour was also found in RS ZK60 alloys with 
additions o f Y, Nd and Ce.
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The anodic behaviour o f the Mg25Y4 precipitates formed in melt spun M g-Y ribbons 
containing 5.8wt% and 17.7wt% Y  after heat treatment, has been considered as being 
the reason for the improved corrosion properties o f these alloys [Hehmann et al 1987].
Reduced corrosion rates have also been reported [Das and Chang 1986, Chang et al 
1986] for Mg-5.1Al-4.9Zn-6.7Y (EA65) in 3wt% NaCl compared to the high purity 
AZ91 commercial alloy in the T6 condition as well as for RS Mg-Al-Zn-Nd (EA55) as 
compared to the high purity Mg alloys [Busk and Leontis 1950]. Addition o f Pr (Mg- 
5Al-2Zn-lPr) also seemed to have a beneficial effect. Again the decrease in the 
corrosion rates was attributed to the small potential difference between Mg and the RE 
element as well as to the contribution o f the RE element to the formation o f a surface 
protective film. However, XPS analysis o f corroded surfaces o f extrusions o f a Mg- 
5wt%Al-5wt%Zn-5wt%Nd RS alloy as well as o f melt-spun M g-lwt% Pr and Mg- 
15wt%Pr alloys immersed in a 3wt%NaCl buffered solution for up to 24 hours indicated 
an absence o f Nd and Pr from the outermost surface while SIMS depth profiles over a 
depth 0.4 to 2 pm also showed depletion o f Nd and Pr in the corroded surface [Li et al 
1997]. The surface analysis results for Al were in agreement with the results reported by 
Baliga et al since the A l content in the alloy was below 10 wt% and therefore Al was not 
expected to participate in the surface film in detectable amounts [Baliga 1990, Baliga 
and Tsakiropoulos 1991,1992,1993, Baliga etal 1989,1992].
Low corrosion rates, estimated by electrochemical impedance spectroscopy, have also 
been reported by Joshi et al in the more complex alloys Mg-6.8Al-3.4Li-0.41Mn- 
2.57Zn-3.55Ce, Mg-10.2Al-2.67Mn-3.18Zn-5.8Ce and Mg-1 U Al-2.44Zn-3.2Y
compared to conventional Mg alloys [Joshi and Lewis 1988, Joshi et al 1989]. 
However, corrosion rates estimated with gravimetric tests were higher and this was 
attributed to loss o f particulates due to interparticulate corrosion [Joshi et al 1989].
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2.2.3 SUMMARY OF THE ROLE OF RAPID SOLIDIFICATION IN THE 
CORROSION BEHAVIOUR OF MAGNESIUM ALLOYS
The studies o f the corrosion behaviour o f RS Mg-alloys suggested that elements such as 
Y, Mn, Nd, Ce and Al have a beneficial effect. The RE elements dominated whilst the 
role o f A l became more significant when it was present in contents higher than 10wt%.
In the case o f Y  and the RE elements the improvement has been attributed either to the 
formation o f phases such as P-Mg25Y4, which offer cathodic protection to the Mg- 
matrix, since they act as sacrificial "microanodes", or to their contribution in the 
formation o f the surface film. However, there has been no strong surface analysis 
evidence for the contribution o f RE elements to the formation o f a protective surface 
film.
The beneficial role o f Al towards improving the corrosion resistance o f Mg alloys has 
been attributed to the shift o f the alloy electrode potential to more noble values when Al 
was present in solid solution with Mg and to the lack o f microgalvanic effects because 
o f the suppression o f more noble precipitates such as Mg17Al12. Participation o f Al in 
the surface film has been expected to play a beneficial role as far as the improvement in 
the corrosion resistance is concerned. The only cases where surface analysis indicated 
the formation o f a surface film enriched in the alloying addition have been alloys with 
alloying content higher than 10wt% Al. The surface film formed on these alloys 
consisted o f an admixture o f Mg(OH)2/MgO and MgAl20 4 spinel, which was 
transformed to hydrotalcite/manasseite during corrosion. This film was much less 
permeable than the naturally formed MgO/Mg(OH)2, due to the trapping o f Cl' within 
the bmcite layered structure by the excess o f the positive charge provided by the 
substitution o f Al3+ for Mg2+ [Baliga 1990, Baliga and Tsakiropoulos 1991, 1992, 1993], 
On the basis o f these results a number o f solute elements (e.g. Ti, V, Cr, Mn etc.) were 
proposed with an ionic size similar to Al and a valence higher than +2, as candidate 
additions to improve the corrosion performance o f Mg [Baliga 1990, Baliga and 
Tsakiropoulos 1992].
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Quantitative comparisons o f the contribution o f the alloying elements to the corrosion 
behaviour o f Mg alloys have not been generalised since the results depend upon a large 
number o f variables such as chemical in-homogeneity, presence o f defects and 
impurities in the microstructure o f the alloys, and surface condition o f the samples 
[Hehmann and Jones 1993] . Many different experimental methods have been used to 
estimate corrosion rates. Because o f this, controversial results have been sometimes 
reported [Joshi et al 1989].
2.3 PHYSICAL VAPOUR DEPOSITION OF MAGNESIUM ALLOYS
2.3.1 THE PHYSICAL VAPOUR DEPOSITION PROCESS
The basic processes o f physical vapour deposition (PVD) are known as evaporation, 
sputtering and ion plating [Bunshah 1982]. In recent years a significant number o f 
specialised PVD processes such as reactive ion plating, activated reactive evaporation 
and reactive sputtering have also been developed and used on the basis o f the three main 
processes previously mentioned.
In PVD processes there are three steps in the formation o f a deposit:
[1] Synthesis o f die material to be deposited. This step in turn comprises:
(a) Transition from a condensed phase (usually solid) to the vapour phase. This can be 
achieved by either evaporation or sputtering.
(b) Reaction between the components o f the compound if  deposition o f a compound is 
going to take place.
[2] Transport from the evaporation source to the substrate. This can occur without 
collisions between atoms and molecules, i.e. under line-of-sight or molecular flow 
conditions. However, if  die partial pressure o f the metal vapour is high enough or 
ionisation o f the vapour species occurs, then collisions in the vapour phase take place 
during the transport process.
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[3] Vapour condensation followed by film nucleation and growth.
The evaporation process is typically carried out under a vacuum o f 10'3- IO-4 Pa. The 
vapours are produced from material which is located in an evaporation source heated by 
direct resistance, radiation, eddy currents, electron or laser beam. Figure 2.5 illustrates 
vacuum evaporation systems with two different heating modes.
2.3.2 MICROSTRUCTURAL EFFECTS OF VAPOUR DEPOSITED METALS
The effective quench rate in PVD is higher than 1013 K/s, as the depositing atoms 
thermally equilibrate within a few atomic vibrations and the time for an atom to 
thermally equilibrate with the substrate is less than 2/v (v is the adatom surface 
vibrational frequency) which is approximately 10'13 secs [Turnbull 1981, Hirth and 
Pound 1963], During PVD the deposit may be condensed as single crystal films by 
epitaxial growth [Turnbull 1981]. However, the general case is the deposits to be 
polycrystalline with a number o f variables controlling the micro structure. These 
variables are:
[1] The nature and temperature o f the substrate
[2] The deposition rate
[3] The thickness o f the deposit
[4] The angle o f incidence o f the vapour stream
[5] The pressure and nature o f the ambient gas phase
The initial formation o f  the deposit does not involve production o f a continuous film one 
monolayer thick. On the contrary, formation o f nuclei takes place at favoured sites such 
as cleavage or steps on a single crystal substrate. The nucleation stage is followed by an 
island growth stage during which the nuclei grow both laterally and in thickness.
Movcham and Demchishin [Bunshah 1982] proposed a model in order to explain the 
microstructure and morphology o f  thick deposits (fig 2.6). The model is based on the 
existence o f three distinct zones with microstructural differences arising as a result o f 
three substrate temperature intervals.
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Thornton [Bunshah 1982] modified the model o f Movcham and Demchishin by adding 
a transition zone T between zones 1 and 2 (figure 2.7). According to the modified 
model, the evolution o f the structural morphology is as follows. At low substrate 
temperatures the structure grows as tapered crystallites (zone 1). Longitudinal porosity 
o f a few hundred Angstroms is the common feature between the tapered crystallites 
while a high density o f dislocations and high levels o f residual stresses are also present. 
The main reason for the domination o f the previous features is the low surface mobility 
o f the adatoms at low temperatures which cannot overcome any shadowing o f the 
vapour flux with the result that the surface roughness is emphasised. The high cooling 
rate also increases the dislocation density and allows a limited number o f nuclei to form. 
The surface mobility increases with temperature and the morphology transforms to a 
zone with tightly packed fibrous grains with weak grain boundaries (zone T) and then to 
zone 2 wherein a fully dense columnar morphology exists. The grain size increases as 
the temperature increases and finally at the highest substrate temperatures a zone with 
equiaxed grain morphology forms (zone 3) due to recrystallisation and grain growth.
The microstructures o f the deposits greatly influence their corrosion resistance. Porous 
and weak boundaries between columnar grains (region T) reduce the corrosion 
resistance [Bunshah 1982]. In general the equiaxed morphology contributes to a better 
corrosion behaviour in comparison with the columnar one which is more susceptible to 
corrosion. The reason for this is the higher concentration o f impurities per unit grain 
boundary area in the case o f the columnar grains which have smaller total gram 
boundary area than the equiaxed grains.
However, for the development o f new alloys where extended solid solutions are sought 
to form, the microstructural morphology often needs to be compromised if  solid 
solubility were to be retained. Thus, in some cases equiaxed microstructures are 
avoided because the increased temperature causes second phase precipitation in the 
extended solid solution which would result in microgalvanic effects in a corrosive 
environment.
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2.3.3 CORROSION BEHAVIOUR OF VAPOUR DEPOSITED MAGNESIUM 
ALLOYS
Although RS increases the opportunities for the development o f coixosion resistant Mg 
alloys, its broad use is restricted by the small or negligible solubility o f some o f the 
potentially useful alloying elements. On the other hand, PVD provides many o f the RS 
advantages and in addition gives rise to the study o f novel alloy systems which cannot 
be produced using liquid route processing. The development o f Mg alloys using PVD 
or similar methods (e.g. magnetron sputtering) has been pursued with the hope o f 
improving the corrosion resistance.
Magnesium alloys containing 2.5 - 32wt % Mn, 2 -3 9  wt% Cr and 8 -5 0  wt% Ti were 
produced by PVD [Bray 1990, Baldwin et al 1996,1997]. These alloys showed a more 
noble behaviour than pure Mg since the open-circuit potentials in 600 mM NaCI 
increased as the amount o f alloying addition was increased with Cr being the most 
effective. The most noble potential (500 mV), which was observed in the Mg - 21 % Cr, 
was significantly lower than that o f typical aerospace Al alloys. The corrosion rates o f 
the alloys containing 2-5 % Mn and 45-50 % Ti were lower compared to PVD pure Mg 
and to high purity (AZ91E) or RS (EA55) alloys, while the corrosion rate was increased 
in the case o f Cr additions between 2 - 39%.
In an earlier work vapour deposits o f the Mg-Cr system showed a decrease in corrosion 
rate in 100 mM NaCI as the Cr content increased from 1% to 4% [Bickerdike et al 
1974]. Conversely, in the same work, the corrosion rate in 600 mM L"1 NaCI increased 
with increasing Cr content up to about 14% Cr. A  possible explanation for this 
performance was thought to be the incorporation o f Cr into the surface film, thus 
changing its composition and properties.
M g-Y alloys with 7 to 26 at% Y  produced using magnetron co-sputter deposition, 
exhibited a greater corrosion resistance than both pure Mg and the WE43 alloy in 0.1 M 
HC1 (pH=12) [Miller et al 1993, 1995] Additions o f Y  increased the breakdown 
potential and decreased the passive current density, thus increasing the anodic 
polarisation o f the alloys whose microstructure was a solid solution. However, at near­
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neutral pH values modest improvements in anodic polarisation behaviour were 
observed. Breakdown at low potentials was attributed to the presence o f  defects on the 
surfaces o f the alloys, whereas breakdown at noble potentials was attributed to failure o f 
the passive film. It was suggested that the improvement in the corrosion performance o f 
the alloys was achieved because o f the enhanced presence o f Y  in the surface o f the 
corroded alloys, as detected by XPS.
M g-X alloys (X=Ti,Zr,Nb,Ta) were produced via DC magnetron sputtering [Hirota et al
1993]. The deposits o f these alloys were 2 to 3 pm thick and consisted o f solid solutions 
over a wide composition range. They exhibited a remarkably high corrosion resistance 
in 1 M HC1 at 303 K. Based on surface analysis by XPS, Hirota et al attributed the 
increased corrosion resistance to the formation o f passive oxyhydroxide films which 
contained valve metal cations (i.e., Ti, Zr, Nb, Ta) in high concentrations.
The corrosion rates o f Mg-Ti vapour deposited alloys in 600 mM L'1 NaCl solution, 
which were measured using gravimetric tests and electrochemical methods (open-circuit 
potential measurements), tended to decrease with increasing Ti additions [Baldwin et al 
1996, 1997]. The open-circuit potentials showed a significant electrochemical 
ennoblement o f Mg with increasing Ti in solid solution. This was also confirmed by 
galvanic coupling measurements conducted between vapour deposited Mg-Ti alloys and 
the A l 2014-T6 alloy, which showed a higher corrosion rate in the Al alloy. Although 
the corrosion rates o f the alloys could not be correlated with the solute content o f the 
solid solutions due to grain boundary porosity and compositional inhomogeneity, 
surface analysis (XPS and AES) o f Mg-Ti vapour deposited alloys showed Ti being 
embedded in the corrosion products [Baliga et al 1997]. It was suggested that a T i02 
type oxide offered protection from further attack in the Cl' containing saline 
environment [Baliga et al 1997]. However, existence o f Ti in the corrosion products 
could be an artefact o f the sample preparation. Since the extraction replica method was 
used to remove the corrosion products, it is very likely that disintegrated pieces o f the 
metallic substrate could have been removed together with the corrosion products as a 
result o f the poor mechanical stability o f the deposits. The colour o f the corrosion 
products , which has been reported as being black [Baliga et al 1997], could suggest
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existence o f TiO, and/or Ti(OH)2, and/or Ti(OH)3 which all lie in the passivation region 
in the Pourbaix diagram for Ti [Pourbaix 1966],
2.4 MAGNESIUM-VANADIUM AND MAGNESIUM-ZIRCONIUM PHASE
EQUILIBRIA
According to the Mg-V phase diagram which is shown in figure 2.8, there is no 
solubility o f Mg in V  (and vice-versa) in either the solid or liquid phase [Massalski 
1990]. Hence the development o f Mg-V alloys by conventional solidification routes has 
not been reported [Polmear 1989]. Moreover, V  has not been amongst the elements 
whose solid solubility in Mg has been extended by rapid quenching from the melt 
[Hehmann and Jones 1993].
The Mg-Zr phase diagram [Massalski 1990] is shown in figure 2.9 and is characterised 
by a peritectic reaction in the Mg-rich region at ~ 926 K. The maximum solubility o f Zr 
in Mg is 1.04 at% (3.8 wt%) and occurs at the peritectic temperature. It drops to 0.24 
at% (0.3 wt%) at 573 K and remains at this level at room temperature. The solubility o f 
M g in either a-or p - Zr is negligible.
Grain refinement is the main benefit o f alloying Mg with Zr [Polmear 1989]. This effect 
in combination with the strong tendency o f Zr to form stable compounds with Al and 
Mn, which were the main alloying additions in the earliest commercial Mg alloys, led to 
the development o f  a complete new series o f cast and wrought Zr-containing alloys 
[Polmear 1989]. The Zr addition was used in the form o f mixtures o f reducible halides. 
The grain refinement has been attributed to either nucleation via a peritectic reaction, or 
nucleation by Zr or possibly by a Zr compound.
In RS Mg alloys with small amounts o f Zr (< 1 wt%), improvements in strength and 
corrosion performance have been attributed to microstructural refinement [Jones et al 
1987, Hehmann and Jones 1987, 1993, Lavemia et al 1987, Isserow and Rizzitano 
1974]. Fine grains resulted in an increased strength while improved corrosion behaviour 
was attributed to processing which led to the decrease o f the number o f intermetallics 
(e.g Mg7Zn3) in the surface o f the ZK60 alloy after the laser treatment [Kattamis 1981].
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The formation o f insoluble and thermally stable Zr compounds such as Al3Zr in M g-Al- 
Zr alloys, which is known as interference hardening [Busk and Leontis 1950], has been 
considered as a significant "synergistic effect" in the future development o f Mg alloys 
[Hehmann and Jones 1993].
One o f the benefits o f RS processing is the extension o f solid solubility. Despite the fact 
that Zr has been indicated as a promising addition in binary RS Mg alloys for 
improvements in both mechanical and corrosion behaviour [Joshi and Lewis 1988], little 
attention has been drawn to increasing its solubility. Attempts to increase the solubility 
o f Zr in Mg were not always successful due to processing difficulties since Zr is a strong 
oxide former and tends to slag o ff [Anderson et al 1987]. Varich and Litvin [Varich and 
Litvin 1963] extended the room temperature solid solubility o f Zr in M g up to 1.2 wt% 
Zr by catapulting small portions o f melt onto a massive copper sheet which could 
achieve cooling rates o f the order o f 5 x KfrK/sec. Subramanian etal [Subramanian et 
al 1991] increased the solubility o f Zr in Mg up to 2.7 wt% via laser cladding o f Mg-2 
wt% Zr and Mg-5 wt% Zr powder mixture onto Mg. The treated alloy showed a 
response to anodic polarisation and therefore improved corrosion performance compared 
to the AZ91B alloy. The improvement was attributed to the enhanced presence o f Zr in 
solid solution. The highest solubility o f 77 at% Zr in Mg has been achieved by D.C. 
magnetron sputtering [Hirota et al 1993].
2.5 PHASE EQUILIBRIA OF MAGNESIUM OXIDE WITH VANADIUM 
AND ZIRCONIUM OXIDES
The V-O phase diagram in figure 2.10 [Wriedt 1989] shows that most o f the vanadium 
oxides are high temperature compounds whose phase fields are related to congruent 
melting points or peritectic reactions. V20 5 is the most stable air formed V  oxide 
[Rostoker 1958]. It is a low temperature oxide with a free energy o f formation o f -568 
kJ/mole 0 2, which is not as negative as the free energy o f formation o f  MgO (-1138 
kJ/mole 0 2) [Weast 1982-83, Smithells 1976]. The characteristic feature o f the V20 3 - 
MgO phase diagram [Cini 1968], shown in figure 2.11, is the presence o f the spinel-type 
phase M g0.V 20 3. The V20 5 - MgO system [Kerby and Wilson 1973], shown in figure
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2.12, consists o f a variety o f mixed oxides which are compounds o f the form 
xM g0.yV20 5. Their formation is related to peritectic reactions or congruent points 
whose temperature raises as the composition moves towards the MgO end.
Zirconia (Zr02) is a veiy stable oxide with highly negative free energy o f formation (- 
1028 kJ/mole 0 2) [Weast 1982-83, Smithells 1976]. The most widely known feature o f 
Zr02 is its polymorphism [Stevens 1986]. Zr02 exhibits three well defined polymorphs, 
the monoclinic phase (m-Zr02), which is stable up to about 1443 K, the tetragonal (t- 
Zr02) phase, which is stable from about 1443 to 2643 K, and the cubic (c-Zr02) phase, 
which is stable thereafter up to the melting point o f 2953 K [Stevens 1986]. The 
tetragonal to monoclinic transformation is often highly undesirable because it is 
associated with a large volume expansion (3-5%) which is sufficient to exceed elastic 
and fracture limits. Addition o f oxides that stabilise the cubic phase, such as MgO, CaO 
and Y20 3, facilitates the stability o f c-Zr02 from room temperature up to the melting 
point, thus avoiding the disastrous volume expansion. According to the Zr02-MgO 
phase diagram in figure 2.13 [Grain 1967], there is little or no solubility o f MgO in m- 
Zr02 up to the temperature o f the monoclinic to tetragonal transformation. The 
solubility o f MgO in t-Zr02 increases slowly with temperature. A  cubic solid solution 
stabilises above 1673 K at the eutectoid composition o f 13 mol% MgO. The t-Zr02 and 
c-Zr02 phase fields are o f technological importance since heat treatment produces 
metastable t-Zr02 particles whose subsequent transformation to m -Zr02 affects 
considerably the mechanical properties o f partially stabilised zirconias. The 
decomposition o f the solid solution o f c-Zr02 into the constituent oxides below 1673 K  
and below 1513 K with the simultaneous polymorphic transformation o f t-Zr02 to m- 
Zr02 is an other significant feature o f Zr02 as shown in the Zr02 - MgO phase diagram 
[Grain 1967].
2.6 ELECTROCHEMICAL EQUILIBRIA OF VANADIUM AND 
ZIRCONIUM IN AQUEOUS SOLUTIONS
The equilibrium potential-pH diagram for the Mg-H20  system is shown in figure 2.1. 
The whole domain o f Mg stability is below that o f water and Mg reacts with water, 
dissolving as Mg+ and Mg++ ions, over the whole pH range [Pourbaix 1966]. From the
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equilibrium potential-pH diagram for V  in figure 2.14 [Pourbaix 1966], V  is a base 
metal and can dissolve in both alkaline and acid solutions. According to Pourbaix, V20 4 
is the most stable oxide. V20 2 is unstable in the presence o f water while V20 3 is unstable 
in the presence o f oxidising agents and is converted to V20 4. The latter is an amphoteric 
oxide and dissolves in both acid and alkaline solutions. Its lowest solubility occurs for 
pH around 5. Vanadium pentoxide (V2Os) is also amphoteric with its lowest solubility 
being at a pH value around 2.
The hydrated amorphous Zr02.2H20  [Pourbaix, 1966] is the phase which corresponds to 
the passivity region o f the equilibrium potential-pH diagram (fig. 2.15) for Zr. The 
hydrous Zr02.2H20  has more negative free enthalpy o f formation (-1548 kJ) than the 
ZrO.H20  (-1301 kJ) and the anhydrous Zr02 (1306 kJ) and therefore is more stable 
[Pourbaix 1966]. Its minimum solubility is at a pH value around 6.5-7 and it is lower 
than the solubility o f  both Zr02 and ZrO.H20  at this pH range [Pourbaix 1966].
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Figure 2.1: Potential-pH diagram for Mg [from Pourbaix 1966]
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Figure 2.2: Ellingham diagrams for oxides [from Cottrell 1995].
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Figure 2.3 Effect o f alloying additions on the oxidation rate o f M g at 748 K [from
Makar and Kruger 1993],
CONCENTRATION OF X , ppm
Figure 2.4 Generalised curve illustrating the effect o f element X  (X  = Fe, Cu, Ni) on the 
corrosion rate o f Mg [from Makar and Kruger 1993].
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Figure 2.5 Schematic illustration o f PVD apparatus using (a) radiant heaters and (b) 
electron beam as evaporation source.
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Figure 2.6: The structural zones model in condensates by Movcham and Demchishan
[from Bunshah 1982].
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Atom ic Percent Vanadium
Figure 2.8: Mg-V phase equilibria [from Massalski 1990].
Atomic Percent Zirconium
Figure 2.9: Mg-Zr phase equilibria [from Massalski 1990].
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Atomic Percent Oxygen
Figure 2.10: V-O phase equilibria [from Wriedt 1989].
Wt %
Figure 2.11: M g0-V20 3 phase equilibria [from Cini 1968].
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Figure 2.12: V 20 5-M g0 phase equilibria [from Kerby and Wilson 1973].
Figure 2.13: Zr02-MgO phase equilibria [from Grain 1967].
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Figure 2.14: Potential-pH diagram for V [from Pourbaix 1966].
Figure 2.15: Potential-pH diagram for Zr [from Pourbaix 1966].
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CHAPTER 3 
EXPERIMENTAL
3.1 INTRODUCTION
This work has studied the development o f vapour deposited M g-V and Mg-Zr alloys 
with emphasis on alloying behaviour and on the ejfecfcofcoixosion products such as 
oxides/hydroxides and other compounds on the coixosion behaviour o f the alloys in a 
saline environment.
Transmission electron microscopy (TEM) and scanning electron microscopy (SEM) 
with electron probe microanalysis (EPMA) were used for the bulk characterisation o f 
the alloys in the as-deposited condition, in conjunction with X-ray diffraction (XRD). 
The thermal stability o f the microstructures was assessed using differential scanning 
calorimetry (DSC). Compositional information o f the alloys and their corrosion 
products (in bulk) was obtained using energy and wavelength dispersive x-ray analysis 
(EDX/WDX) while election spectroscopic imaging (ESI) o f thin TEM foils was 
achieved with electron energy loss spectroscopy (EELS). Light microscopy prior to 
electron microscopy was used as a preliminary step for the characterisation o f the 
deposits.
The oxides formed on the surfaces o f the as-deposited alloys and after immersion in 3 
wt% unbuffered NaCI solution (pH=10.5, 293 K, aerated condition for up to 7 days) 
were studied by surface analysis techniques such as X-ray photoelectron spectroscopy 
(XPS), Auger electron spectroscopy (AES) and near-surface analysis methods such as 
Rutherford backscattering spectroscopy (RBS). XPS was an invaluable tool which 
provided chemical state information about the oxides and Auger parameter data for the 
investigation o f the alloying behaviour. TEM and SEM with EPMA were also 
employed for the characterisation o f the corrosion products.
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3.2 PRODUCTION OF THE MATERIALS
Vapour deposited alloys with nominal compositions 1.0 wt% (0.48 at%), 6.1 wt% (2.95 
at%), 17.6 wt% (8.9 at%) and 27.1 wt% (15 at%) V and 2.0 wt% (0.5 at%), 8.6 wt% 
(2.44 at%) and 10.6 wt% (3.07 at%) Zr (see table 3.1) were produced at SMC DERA 
Famborough using the electron beam evaporation/vapour deposition technique 
illustrated in figure 3.1
Pure V  and Zr were contained in the inner water cooled Cu crucible and were 
evaporated by electron beam beating. Magnesium was evaporated by radiant resistance 
heating from an annular steel crucible which surrounded the Cu crucible. Evaporation 
o f the two metals from different crucibles using different evaporation sources was 
necessary because o f the different vapour pressures and melting points o f the elements 
(Tm=923 K  for Mg, Tm=2173 K for V  and Tm=2125 K for Zr). The crucibles were 
contained in a vacuum chamber which was pumped down to a vacuum o f better than 5 x 
10'3 Pa/ which enabled line o f  sight evaporation from the source to the collector. 
Vanadium and Zr vapours passed between rows o f nozzles, which directed the Mg 
vapour, and the mixed vapours were condensed on the collector. The collector, which 
was made o f aluminium, was machined and etched for 20-30 minutes with NaOH and 
then washed with nitric acid to remove the debris. During the deposition o f the alloys 
the collector temperature was kept within the range 412-443 K. The collector 
temperature was measured by two thermocouples, one near the heating elements and 
one attached on the collector. The temperature was controlled by adjusting the water 
flow o f  the cooling system and the temperature o f the heating elements. The rate o f 
deposition (up to 6 mm/hour) depended on the temperature o f the Mg evaporation bath 
as well as the size, number and configuration o f the nozzles around the annular crucible. 
Because o f  the higher vapour pressure o f Mg relative to V  and Zr, M g evaporation 
continued even after the evaporation sources were shut down. This resulted in the top 
surfaces o f the deposits being covered by a layer o f pure Mg (see figure 3.2) which was 
removed by polishing down to 1200 grade SiC paper, prior to characterisation o f the 
deposits. Table 3.1 summarises the alloys studied in this thesis.
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Nominal alloy composition (wt%) Deposit thickness 
(mm)
Collector temperature (K)
V Zr Initial Final
1 3.3-3.5 423 440
2.01 3.5-3.7 412 415
6.1 3.4-3.6 423 422
8.6 1.8-2.0 433 428
10.6 1.0-1.1 433 443
17.6 2.0-2.2 423 443
27.1 2.7-2.9 423 433
3.3 EXPERIMENTAL TECHNIQUES
3.3.1 LIGHT MICROSCOPY
Samples o f the alloys were mounted with a low temperature setting resin, EPOFIX 
supplied by Struers. Flakes o f the deposits were positioned vertically (longest 
dimension perpendicular to the polishing plane) in order to prepare cross thickness 
sections o f the microstructures o f the deposits.
A  Struers automatic polishing machine PLONOPOL-2 with PEDEMAX-2 head was 
used to grind and polish the metallography samples. A  polishing menu (see Appendix 
1) was developed for magnesium alloys. The specimens were polished down to 1 pm 
diamond and stored in a desiccator. Light microscopy was carried out using a ZEISS 
AXIOPHOT microscope.
3.3.2 ELECTRON PROBE MICROANALYSIS
Resin mounted carbon coated samples were used for SEM/EPMA analysis which was 
carried out on a JEOL JXA-8600 superprobe with a Tracor Northern TN 5500 and TN 
5700 computer system to obtain multielement X-ray maps. The acceleration voltage 
used was either 15 or 20 kV depending on the sample. The surfaces and cross sections 
o f oxides were mostly analysed using a beam o f 15 kV in order to avoid deep
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penetration o f  the electron beam and increase o f the interaction volume, while samples 
in the as-deposited condition were analysed at 20 kV. Digital and dot elemental X-ray 
maps o f the alloys and the corrosion products were acquired using either energy or 
wavelength dispersive mode and quantitative analysis was performed using standards o f 
the elements or compounds o f interest, i.e. pure Mg, pure V, pure Zr and NaCI, while 
the amount o f O was estimated by difference.
3.3.3 TRANSMISSION ELECTRON MICROSCOPY
Planar and cross-sectional specimens 3 mm in diameter were punched out from the Mg- 
Zr alloy deposits for transmission electron microscopy. Due to the excessive brittleness 
o f the M g-V alloy deposits, 3 mm disks were not produced. TEM samples o f the Mg-V 
alloys were made by using high vacuum glue to attach thin sections o f the deposits on 
nickel grids. The thickness o f the samples was initially reduced by polishing down to 1 
pm diamond and subsequently by argon ion milling using a Gatan dual ion mill 600. 
The specimens were milled under rotation mode and were cooled by liquid nitrogen 
during the process in order to reduce the effects o f local rises in temperature. Two guns 
were operated at an acceleration voltage o f 5 kV and the gun current was 1mA. The 
milling angles varied from initially 15 degrees to 12 or 11 degrees at the final stage.
Transmission election microscopy was used to analyse corrosion products. Exfobated 
corrosion products were dried, crushed and dispersed in acetone. The powder was 
dropped with a pipette onto holey carbon covered copper grids and was allowed to dry. 
Samples o f corrosion products were also prepared by the extraction replica method 
[Goodhew 1985], this method having been used successfully to prepare TEM samples 
o f corrosion products o f M g-Al RS alloys [Baliga 1990]. The corroded deposits were 
positioned on clean filter paper and the corroded surfaces were covered carefully by 
cellulose tape. A  few drops o f “ANALAR” grade acetone were dropped onto the 
corroded surface to achieve good adhesion between the corrosion products and the 
cellulose tape. After 1 to 2 hours the cellulose tape was removed with the coixosion 
products adhered on it. The shipped products were carbon coated in a Edwards coating 
unit, immediately after being removed from the deposits and a “ sandwich” was created, 
with the coixosion products being between the polymer tape and the carbon coating.
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The “ sandwiched” products were placed on copper grids in order to be supported. The 
grids were subsequently positioned on a wire mesh which was inside a petri-dish 
containing “ANALAR”  acetone so that the sandwich was not wetted by the acetone. 
The dish was then covered with a glass plate and the arrangement was left for 1 to 2 
days which proved to be sufficient for the acetone vapours to dissolve the cellulose tape. 
The extracted corrosion products were adhered onto the carbon film and supported by 
the copper grid.
TEM bright and dark field imaging, selected area diffraction patterns and EDX analysis 
were performed on JEOL 200 CX and JEOL 2000 FX microscopes operated at 200 kV 
as well as on Philips EM 400T operated at 120 kV.
3.3.4 ELECTRON ENERGY LOSS SPECTROSCOPY
Electron energy losses occur when electrons are reflected or scattered from solids. 
Electron energy loss spectrometry (EELS) is the analysis o f the energy distribution o f 
the electrons which have inelastically interacted with the solid, so that the information 
contained by these electrons can be extracted and quantified. The biggest advantage o f 
EELS is the acquisition o f high spatial resolution microanalysis for low atomic number 
elements such as B, C, N and O. The acquisition o f EELS spectra can be done using the 
serial (SEELS) and the parallel mode (PEELS) [Williams and Carter 1996]. In SEELS 
the spectrum is built up channel by channel while in PEELS all the channels are 
acquired simultaneously. SEELS detectors are easier to optimise and simpler to use 
than the PEELS detectors but PEELS in return is 2 to 3 orders o f magnitude more 
efficient.
EELS imaging can be achieved by recording the EELS spectrum at each point o f the 
sample, when the electron beam travels across the specimen in a STEM mode, and by 
subsequent processing o f the relevant data so that two dimensional maps o f 
compositional variations can be produced. This is known as spectrum imaging. Direct 
electron spectroscopic imaging (ESI) can be achieved by passing the demagnified image 
through a magnetic prism spectrometer, selecting the electrons with energy
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corresponding to a particular edge and then remagnifying the image. Elemental maps 
are created by processing multiple images [Brydson 1996].
The energy loss spectrum (fig. 3.3) contains three main regions. The zero-loss peak, the 
low-loss and the high-loss region [Williams and Carter 1996, Flewitt and Wild 1994]. 
The zero-loss peak consists o f contributions from unscattered electrons, elastically 
scattered electrons, those which have caused phonon excitations and in general electrons 
which suffer unresolvable energy losses. The low energy loss region, which extends up 
to an energy loss o f approximately 50 eV, contains the plasmon loss peak, i.e. peak due 
to interactions o f the electron beam with the weakly bound outer shell electrons o f the 
atoms in the sample. The high-loss region refers to peaks occurring due to energy losses 
from the inelastic interactions o f the incident electrons with the more tightly bound inner 
core electrons in the inner shells o f the atoms. The background intensity is due to 
valence shell excitations. The high-loss region contains the characteristic edges used for 
elemental analysis. The signal 1(E) detected at energy loss E is given by the equation
1(E) = INt|g(P,E,E0) (3.1)
where I is the intensity o f the incident electrons o f energy E0, N is the number o f atoms 
o f the irradiated area, r| is an efficiency factor, a is the interaction cross section and p is 
the maximum scattering angle o f the electrons which are collected by the detector 
[Flewitt and Wild 1994]. There is a minimum energy required to cause ionisation o f an 
inner shell (critical ionisation energy Ec) and for E>EC a finite ionisation cross section 
exists which gives rise to an increase o f 1(E) so that an edge in the spectrum at Ec is 
produced. The idealised shape o f the inner-shell ionisation K-edges is triangular or saw­
tooth and is only found in spectra o f isolated hydrogen atoms. The shape o f real 
ionisation edges approximates the hydrogenic edge shape. The ionisation edge can 
extend from Ec to E0 but the intensity decreases gradually since the ionisation cross 
section decreases with increasing energy as E‘r where r «  4 [Williams and Carter 1996, 
Flewitt and Wild 1994]. The ionisation edges are characterised by intensity oscillations 
within ~ 30 from the onset o f the edge, which are known as energy-loss near-edge 
structure (ELNES), as well as oscillations extending a few hundred eV, known as 
extended energy-loss fine structure (EXELFS).
Chapter 3 Experimental
ELNES has its origin in the multiple scattering o f the electron wave created due to the 
excess energy (E>EC) possessed by an ejected core electron. The excited election 
eventually resides in one o f the unfilled electron energy states. Thus ELNES is a probe 
o f the density o f states (DOS) above the Fermi level. Since DOS is sensitive in changes 
in the bonding or valence state o f the atom, ELNES provides chemical bonding 
information [Williams and Carter 1996].
EXELFS originates from diffraction effects. The excited electron does not fill an 
unoccupied state but instead the outgoing ionised electron wave (due to the excess 
energy o f the excited election) interferes destructively or constructively with the fraction 
o f the wave that is simply backscattered by the neighbouring atoms. The election that 
gives rise to EXELFS has a higher energy than those responsible for the ELNES, 
therefore the diffraction is assumed to be a single scattering event. EXELFS is used to 
estimate nearest atom neighbour distances in crystalline and amorphous materials 
[Flewitt and Wild 1994].
In this study two samples (planar section and cross section) o f the Mg-27 wt% V alloy 
and one o f  the Mg-8 wt% Zr (cross section) were examined with EELS. PEELS 
elemental maps were obtained using a Philips CM20/STEM equipped with a Gatan 
imaging filter for ESI [Brydson et al 1996]. The background subtraction was achieved 
with the three window method [Brydson et al 1996]. According to this method, two 
energy-filtered background images were acquired in front o f the edge as well as one 
image o f  the ionisation edge o f the element o f interest. An extrapolated background was 
calculated and subtracted from the ionisation edge image and thus an elemental map was 
obtained. Also the jump ratio method was employed where the ionisation edge image 
intensity was simply divided by the pre-edge image intensity.
3.3.5 X -R A Y  DIFFRACTION
X-ray diffraction (XRD) was used to investigate^tne microstructure o f the alloys, in 
particular the texture o f  the deposits as well as the extension o f solid solubility and also 
to observe changes o f the Mg lattice parameters upon alloying with V  and Zr. XRD was
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also used to identify the nature o f the corrosion products formed on the surface o f the 
deposits after immersion in the corrosive solution (see §3.1).
The analysis was performed on a Philips X-ray diffractometer using Cu radiation at a 
voltage o f 40 kV and a current o f 40 mA with a step size o f 0.02 degrees. The peak 
positions were compared with various compounds in the JCPDS powder file. The 
lattice parameter measurements were carried out automatically using a least squares 
refinement technique and the pole figures were obtained using a reflection method, 
employing up to 85° tilt with 5° intervals during tilting and rotation o f  the sample. 
Alloys in the as-deposited and corroded condition as well as exfoliated material were 
examined.
3.3.6 DIFFERENTIAL SCANNING CALORIMETRY
A Thermal Sciences STA-780 series thermal analyser was used for the DSC 
experiments. Samples o f the M g-lV , Mg-6.1V, Mg-17.6V, Mg-27.1Zr, Mg-2.0Zr, Mg- 
8.6Zr and Mg-10.6Zr alloys (all in wt%) weighing 48.1, 50.0, 41.4, 66.0 41.0, 40.0 and 
40.0 mg respectively were positioned in alumina crucibles. An empty alumina crucible 
was used as reference and high purity argon at a flow rate 50 ml. min'1 was used to 
prevent excessive oxidation. The start temperature o f the analysis was 298 K and the 
temperature was raised up to 773 K at a rate o f 10 K min'1.
3.3.7 SCANNING AUGER MICROSCOPY
Scanning Auger microscopy (SAM) is the surface analysis technique in which an 
elemental map can be produced by using information from a spectrum o f Auger 
electrons which have been excited by the beam o f a scanning electron microscope 
[Baker and Castle 1994]. As will be explained below in section 3.3.8, the emission o f 
Auger electrons is the result o f the de-excitation process o f atoms that have been ionised 
by primary radiation which may be either an incident electron beam (Auger electron 
spectroscopy) or X-rays (X-ray induced Auger electron spectroscopy). In a scanning 
Auger microscope there are several modes o f analysis available [Watts 1990]. Point 
analysis, where the position o f  the electron probe is kept fixed and the setting o f the
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electron energy analyser (E) is scanned. Line scan mode in which one dimension (say 
x) is scanned while the other dimension (y) and the analyser setting are fixed and 
chemical maps where the analyser setting is fixed and the electron beam scans the 
surface o f the sample. The use o f microprocessors enables the control o f both 
spectrometer and electron beam position. The spatial resolution o f SAM elemental 
maps is close to that o f secondary electron images due to the surface sensitivity and 
therefore much better than the EDX maps. The reason is the difference between the 
inelastic mean free paths (<5nm for the low kinetic energy electron, 1-5 pm for the X - 
rays) [Flewitt and Wild 1994].
SAM analysis in this study was performed on a VG SCIENTIFIC spectrometer using an 
acceleration voltage o f 10 kV, a beam current o f 10 nA and an incident angle between 
the electron beam and the sample surface o f 60°. The spectrometer was connected to a 
LINK analytical computer system which was used to generate the maps. The effect o f 
surface topography was avoided by the use o f a (peak-background)/background 
correction [Watts 1990]. EDX maps were acquired simultaneously as a complimentary 
analysis. SAM was performed only on the Mg-27V alloy, which corroded rapidly, in an 
attempt to investigate the role o f V  in the initial stages o f localised attack.
3.3.8 X-RAY PHOTOELECTRON SPECTROSCOPY
3.3.8.1 INSTRUMENTATION - PRINCIPLES OF THE METHOD AND 
SPECTRUM CHARACTERISTICS
An X - ray photoelectron spectrometer consists o f an X-ray source, an electron energy 
analyser and the electron detection system, all contained within a vacuum chamber and 
also the instrumentation for data acquisition.
The vacuum system o f all the commercial spectrometers operates in the ultra-high 
vacuum range o f 10‘6- 10*8 Pa [Watts 1990] in order to avoid electron scattering due to 
residual gas molecules as well as oxidation and/or gas absorption onto the surface o f the 
sample. Aluminium or Mg characteristic Ka X-ray lines are produced by using Al or 
Mg anodes respectively ^  ftuminium foil window is used to filter some o f the
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bremsstrahlung radiation and natural quartz crystal is used as monochromator in order to 
reduce the X-ray line width as well as to avoid unwanted features such as satellite peaks 
o f the X-ray spectrum.
In most instruments there are two types o f electron energy analysers fitted; a cylindrical 
mirror analyser (CMA) or a hemispherical sector analyser. Electron multipliers or 
channel plate multipliers are used for detection purposes. The data acquisition system 
includes a multichannel analyser or a computer which enables the user to perform 
repetitive scans. The two primary functions o f the data system are firstly control o f the 
spectrometer during acquisition o f the spectrum and secondly further processing o f the 
data.
X-ray photoelectron spectroscopy is based on the photoionisation phenomenon. In 
figure 3.4 the XPS process is illustrated showing the ejection o f an electron 
(photoelectron) from a core electronic level by an incident X-ray photon o f energy hv. 
The kinetic energy (Ek) o f the photoelectron is comprised in the equation
Eg = hv - EQ - W  (3.2)
where hv is the energy o f the exciting radiation (i.e. the photon energy), E*. is the kinetic 
energy o f the photoelectron in the solid and W is the spectrometer work function. By 
measuring the quantities on the right hand side o f equation 3.2 the electron binding 
energy (Eg) can be calculated. Finally the data is presented as a graph o f intensity 
versus electron energy (binding or kinetic).
The initial excitation event due to the emission o f the photoelectron is followed by a de­
excitation process. This occurs when an outer shell electron fills the core hole which 
has been produced during the photoemission. For energy conservation reasons either 
the emission o f a secondary electron through a radiationless transition (Auger process) 
or emission o f a photon takes place. Figure 3.4b illustrates the relaxation (de-ionisation) 
o f an atom by the emission o f a KL2 3L23 Auger electron. The production o f X-rays and 
the emission o f Auger electrons are two competitive effects. If characteristic X-ray 
emission occurs (more probable in elements with high atomic number) then the energy
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o f the emitted photon is given by the energy difference between the two levels involved 
in the transition (e.g. level K and level L2 3) in addition to the work function W i.e.
E ^ E k - E ^  + W (3.3)
In the case o f elements with low atomic number the radiationless transition o f  the Auger 
electrons is more probable. The kinetic energy o f die Auger electron (e.g. Egr, ,,-^) 
equals approximately the difference between the energy level o f the core hole (EjQ and 
the energy levels o f the two outer electrons, the election that fills the hole (EL2 3) and the 
secondary Auger electron (E^ 3), according to the equation:
EkL2,3L2,3=  Ek - EL2|3 - El2 3 (3-4)
The elections which are excited and escape without energy loss contribute to the 
characteristic peaks o f the spectrum while those that lose energy through inelastic 
scattering contribute to the background which increases at higher binding energies (or 
lower kinetic energies).
The features o f major importance in an XPS spectrum are the photoelectron peaks due 
to photoemission from core and valence levels and the associated Auger lines resulting 
from the de-excitation process. The minor structures observed in the XPS spectrum and 
which are o f  no direct analytical use are X-ray satellites and ghosts, shake-up satellites 
and multiplet splitting.
One o f  the significant advantages o f using XPS is the ability to extract chemical state 
information from the binding energy shift o f the peaks. The addition o f a valence 
electron (reduction) decreases the effective positive charge (or increases the shielding o f 
the photoelectron) on the atom thus reducing the binding energy (negative shift). In 
contrast, the removal o f a valence electron (oxidation) increases the binding energy 
(positive shift). The shifts o f the Auger peaks are in general larger than the 
photoelectron peaks since the Auger transition involves three electrons (two hole 
configuration) and thus the relaxation energy o f the electron cloud is much bigger.
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Peaks corresponding to different oxidation states are not always well separated or they 
may be even superimposed. Peak de-convolution and identification o f chemical shifts 
can be achieved by the use o f suitable commercial software packages.
In order to avoid difficulties and possible errors arising from the inaccurate calculation 
o f the peak positions and from spectrometer calibration or electrostatic charging effects, 
a quantity known as the Auger parameter [Wagner 1975, Wagner and Joshi 1988] is 
used. As will be explained in more detail in chapter 6, the Auger parameter expresses 
the difference in kinetic energy between the Auger electron and the photoemitted 
electron and is given by the equation
a = EB + EK-hv (3.5)
where Eg is the photoelectron binding energy Er is the kinetic energy o f the Auger 
electron and hv is as before. The Auger parameter is independent o f  any electrostatic 
charging o f the specimen or work function corrections and therefore is a unique property 
o f each compound.
In order to obtain elemental information as a function o f depth, depth profiling can be 
achieved in one o f two ways, e ither non-destructively by tilting the sample (thin films) 
or destructively by bombarding the sample with a beam o f inert gas ions usually argon 
(or xenon). Certain difficulties or errors may rise during the interpretation o f the results 
and the main reasons have been categorised as follows [Watts 1990, Walls 1981],
(a)- Ion beam - solid interactions
(b)- Experimental conditions and instrumental factors
(c)- Composition and form o f the specimen
Primary ion implantation, enhanced diffusion and segregation, changes in the surface 
topography, preferential sputtering (because o f differences in sputter yield between the 
different elements and phases present, surface roughness, ion-induced dislocations 
and/or other extended lattice defects), as well as ion-induced chemical decomposition 
(e.g. reduction o f oxides) are some o f the reasons for possibly misleading results or
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degraded depth resolution. In addition, instrumental factors play an important role. A  
satisfactory vacuum level must be achieved to prevent re-oxidation o f a reactive 
material, re-deposition o f sputtered species must be avoided by a suitable design while 
the intensity and stability o f the ion beam must be controlled.
3.3.8.2 EXPERIMENTAL PARAMETERS USED IN THIS STUDY
The surfaces o f M g-V and Mg-Zr alloys in both the as deposited and corroded
conditions as well as pure vapour deposited Mg and V were analysed by XPS. Prior to
analysis o f the as deposited samples the surfaces had been polished with 1200 grade SiC
paper in order to remove the pure Mg overlayer which was characteristic o f all the Mg
deposits produced by PVD (see §3.2). The polished surfaces were cleaned
ultrasonically with inliibisol and dried in air. The polished samples were transferred
quickly in the spectrometer chamber in order to avoid excessive oxidation. The surfaces
o f the alloys were also polished with 1200 grade SiC paper prior to immersion in 3 wt%
NaCl. M g-V alloys corroded for 7 days, 9 hours and 5 minutes and Mg-Zr alloys
corroded for 9 hours, 15 and 5 minutes were examined. The corroded surfaces were
-fco
rinsed with de-ionised water, dried and transferred in^the preparation chamber o f the 
spectrometer. Gloves and plastic tweezers were used and special care was taken during 
the handling o f the samples in order to avoid scratching and contamination o f the 
coixoded surfaces. A  double sided adhesive tape with a small amount o f  silver dag at 
the edge o f the sample or just silver dag between sample and holder were used to hold 
the specimen on the holder and to achieve electric contact.
For XPS analysis an ESCA LAB MK1I spectrometer with an Al/M g anode was used. 
The analysis was carried out at 12 kV accelerating voltage and 20mA current with an Al 
Ka line radiation (1486.6 eV) while the spectrometer base pressure was in the range 10'7 
Pa. For spectral acquisition and subsequent data processing the spectrometer was 
controlled by a VGS 5000-S data system based on a DEC PDP11/73 computer. The 
spectra were obtained at a take o ff angle o f 45 degrees relative to the stub.
Argon ion sputtering was also used to depth profile some o f the samples. Depth 
profiling was performed in order to monitor chemical shifts o f the oxides formed on the
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surfaces o f the non corroded alloys as well as through the thickness o f the corrosion 
products. An accelerating voltage o f 4 to 6 kV, a focusing voltage o f 5 kV and 30 to 45 
mA current were used for depth profiling. Argon sputtering (for ~ 15 minutes at 6 kV) 
was also used in order to acquire XPS spectra o f oxide-free surfaces for the Auger 
parameter studies o f the alloys. As will be described below (chapter 6) small amounts o f 
oxygen could still be detected on the reactive surface due to the grain boundary oxide 
even though most o f the oxide was removed with Ar+ sputtering, This could affect the 
accurate estimation o f the photoelectron peak positions such as that o f the surface 
sensitive Mg Is line. In this case a peak fitting routine with a Shirley background 
subtraction technique was used. The same routine was used to deconvolute all the peaks 
(C Is, V  2p, Zr 3d, O Is), whose oxidation state was o f interest. For the Auger 
parameter studies o f the Mg-V system, accurate estimation o f the Mg KLL peak 
position was achieved without peak deconvolution, since in the Mg KL2 3L2 3 transition 
the metallic and oxide components are sharp and well separated (AE,«5.5 eV). The V 
2p3/2 and V L3M2i3M4i5 peak positions, used for the Auger parameter calculations, were 
also measured without fitting since the spectra were oxide free except for the spectra 
obtained from pure V. The literature value [Briggs and Seah 1990] for the Auger 
parameter o f  pure V was used, since the measured one was affected by the presence o f 
oxide between the columnar grains (see §6.2), which was not removed even after argon 
ion sputtering. The experimental accuracy o f the peak positions was ±0.1 eV.
Survey spectra were recorded for several etching stages in the binding energy range o f 
0-1400eV at a constant analyser energy (CAD) o f 50 eV. High resolution spectra for the 
elements o f  interest were recorded at 20 eV CAD. For the survey spectra, a 1.0 eV step 
size and 200 msec dwell time were used and the data were collected after 1 or 2 scans. 
The narrow scans o f the peaks o f interest were recorded at a 0.2 eV step size and a dwell 
time o f 200 msec. The same acquisition conditions were followed for the Auger peaks 
apart from the pass energy which was 50 eV. Table 3.2 summarises the spectral 
acquisition parameters.
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Table 3.2: XPS spectral acquisition conditions
Peaks Step size 
(eV)
Dwell time 
(msec)
Number o f 
scans
Energy 
range (eV)
Pass energy 
(eV)
Survey 1.0 200 1 1400 50
C Is 0.1 200 7 30 20
O ls 0.2 200 7 35 20
Mg Is 0.2 200 5 30 20
Mg 2p 0.2 200 7 30 20
M g KLL 0.2 200 4 90 50
V  2p 0.2 200 7 35 20
VLM M 0.2 200 5 45 50
Zr 3d 0.2 200 7 25 20
ZrMNN 0.3 200 7 80 50
Preliminary high energy XPS experiments in M g-V alloys were performed using an 
ESCA-300 SCIENTA spectrometer (at RUSTI, Daresbury Laboratory) with a dual X - 
ray source for Al Ka (1486.6 eV) and Cr Kp (5946 eV) radiation. The objective o f these 
experiments was the calculation o f the V Auger parameter based on the V i s  and V 
KLL lines as will be explained below in chapter 6. The SCIENTA spectrometer is 
characterised by a high energy resolution, (0.27 eV ultimately) due to the high 
transmission 300 mm radius hemispherical analyser. Increased X-ray flux is achieved 
by rotation o f  the anode [Flewitt and Wild 1994]. The biggest advantage o f the use o f 
Cr Kp is the acquisition o f core level XPS and Auger peaks (i.e. V is and VKLL) due to 
the high energy o f the excitation radiation. Because o f then high kinetic energy, the 
photoelectrons and the Auger elections have a high inelastic mean free path, therefore 
the sampling depth is increased (compared to excitation by Al or Mg Ka). This effect 
gives rise to other advantages such as reduced surface sensitivity to surface 
contamination or other surface effects. Moreover, in the case o f the Auger parameter 
calculations, where both photoelectron and Auger lines are used, it is essential that both 
peaks must refer more or less to the bulk o f the sample. This is illustrated in the case o f 
the Mg Is photoelection line which is more surface sensitive compared to the Mg KLL 
with Al Ka radiation. With Cr Kp the surface sensitivity is cancelled due to the
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increased kinetic energy o f the Mg Is photoelectron. The big disadvantage o f the Cr KJ3 
source is the poor counts produced due to the low intensity o f the Cr K(3 satellite. This 
leads to the use o f long scan times which may subsequently cause oxidation o f reactive 
surfaces. Vapour deposited Mg-8.9at% V, as well as pure vapour deposited Mg and V 
samples were Ar+ sputtered (40 pA) prior to analysis on the SCIENTA spectrometer. 
The spectra were acquired at a pass energy o f 300eV.
3.3.9 RUTHERFORD BACKSCATTERING SPECTROSCOPY
3.3.9.1 PHYSICAL CONCEPTS AND SPECTRUM INTERPRETATION
The main advantages o f the RBS technique are its speed and ability to resolve both 
qualitatively and quantitatively depth distributions o f atomic species below the surface. 
The typical depth resolution is 10-20 nm and information is usually obtained within a 
depth range o f l-2mm. The spatial resolution o f RBS lies within 1 mm which is the 
usual diameter o f the beam scanned over the sample. The inability to provide chemical 
information, the absence o f sensitivity for the detection o f light elements and the lack o f 
specificity o f the signal (two elements o f similar mass cannot be distinguished) are the 
major limitations o f  the method. In addition surface roughness, cavities, scratches, dust 
particles and other surface features, which restrict the lateral uniformity o f the sample, 
can modify the spectrum if  their presence is vigorous.
There are four basic concepts [Chu et al 1978] referring to backscattering spectrometry, 
each one o f which corresponds to a physical phenomenon and is referred to a particular 
capability or specific limitation o f the method. The basic principle o f RBS is the two- 
body elastic collision during which energy transfer from a projectile to a target nucleus 
takes place. From collision kinematics the energy transfer and the energies o f the 
backscattered particles can be calculated and therefore the mass o f the target atom can 
be determined. The two body elastic collision gives rise to the concept o f the kinematic 
factor (k) which is defined as the ratio o f the energies o f the projectile ion after (E,) and 
before the collision (E0) (i.e. k—Ej/E0). The second concept is that the probability o f a 
two-body collision can be predicted and hence quantitative analysis o f atomic 
composition can be achieved through the scattering cross section concept. The third
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concept is the average energy loss the atom suffers whilst moving through a dense 
medium. This process leads to the concept o f the stopping cross section, which enables 
the conception o f depth to be perceived. The fourth concept is energy straggling, which 
is related to the statistical fluctuations o f the previously mentioned energy loss. 
Identical energetic particles do not have exactly the same energy when passing through 
a homogeneous medium o f thickness Ax. Energy straggling leads to establishment o f 
limits for the accuracy with which energy losses are measured and therefore restrains the 
ultimate mass and depth resolution o f the method.
Figure 3.5a illustrates the translation o f concentration profiles o f a uniform mixture o f 
two elements o f a thin film to signals in a backscattering spectrum, hi such a spectrum a 
heavy mass element (high atomic number) is located at high energies and gives a high 
yield, whilst a light mass element (low atomic number) is represented by a signal at low 
energies and gives a low yield. The backscattering spectrum is a linear superposition o f 
signals from each mass (fig. 3.5b). The specimen surface is the reference point for each 
mass. When the concentration is not uniform through the depth the height o f the signal 
varies in accordance. At low energy levels the noise o f the detection system is veiy high 
and it generates a large background. This is the main reason that real spectra never 
extend to zero energy. Yields o f thick targets are never flat at the top because o f the 
energy dependence o f the scattering cross section. As the energy o f the backscattered 
particle decreases multiple scattering gives rise to an increase o f the yield.
Quantification o f the RBS spectrum can be obtained using experimental parameters and 
the concept o f the scattering cross section. The detection limits are typically in the 100 
ppm range but they are not constant and can vary depending on the matrix material. The 
relative concentration ratio o f the two elements transforms into relative yields by a ratio 
given by the cross section o f  the two elements or by the square o f the ratio o f their 
atomic numbers (ZjZfi2. The corrections applied are usually less than 10%.
3.3.9.2 ANALYSIS CONDITIONS
Four sets o f samples were analysed with RBS. The first set included samples o f the 
M g-V vapour deposited alloys (nominal compositions: 1.0, 6.1, 17.6 and 27.1 wt% V)
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in the as-deposited condition, the second included the same alloys after immersion in 3 
wt% NaCI for 5 minutes, 9 hours and 7 days. In the third set, Mg-Zr alloy samples 
(nominal compositions: 2.0, 8.6 and 10.6 wt% Zr) were analysed and in the fcjrth Mg-Zr 
alloys o f the previous compositions were analysed after immersion in NaCI solution for 
5 minutes. Mg-Zr alloys corroded for longer times (9 hours and 7 days) were not 
analysed because o f the thickness o f the corrosion product (more than 1 pm, as was the 
case for M g-V as well) and also in order to avoid surface roughness effects which were 
present in the analysis o f the M g-V corroded alloys. The specimens were approximately 
1 cm2 in surface area.
The analysis was carried out using a focused beam o f 1.5 MeV 4He2+ ions scattered 
through a 160° detection angle. The scattered He2+ ions were detected by impinging on 
a solid state surface barrier detector which converted the energy o f the backscattered 
ions into pulse height. The pulses were fed into a multichannel buffer to construct the 
spectrum. Compositional ratios were estimated by using the yield ratios o f the elements 
o f interest multiplied with the inverted ratio o f the Rutherford (scattering) cross sections
(a) i.e. [Y mg/Y v (Zr)] x [oV(Zr/a Mg]. The surface position o f each element was determined 
using the values o f kE0, gain (keV/channel) and spectral offset for the elements o f 
interest. When the element signals were superimposed a subtraction routine involving 
fitting o f the underlying spectra with a 2nd order polynomial was employed. Oxide 
thicknesses were estimated by incorporating the measured width o f the oxygen signal 
and the density o f the oxide ( assuming MgO for the as deposited and Mg(OH)2 for the 
corroded samples) into the formula Ax/channel = gain (keV/channel) . [s]'1 . d'1, where 
Ax is the oxide thickness, [s] is the stopping cross section and d is the number o f oxygen 
atoms o f  the assumed oxide per unit volume. The ultimate system resolution (due to 
electronics, energy straggling and spatial resolution) was typically 12 keV. Considering 
that each channel corresponded to 3 keV, the depth and mass resolution lied within 4 
channels. However, surface roughness (especially for the Mg-V corroded samples) and 
the grated metal-oxide interface in both corroded and non-corroded alloys due to the 
presence o f  the grain boundary oxide were the reasons for the qualitative rather than 
quantitative importance o f the RBS results.
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3.3.10 OTHER TESTS AND MEASUREMENTS
Hardness measurements o f the deposits were performed on a microhardness VICKERS 
PHOTOPLAN using a 200g load for 30 seconds. Ten measurements per sample were 
taken.
Mg-V and Mg-Zr samples with surface area approximately 1 cm2 were immersed in 3 
wt% NaCl solution for 1, 5 and 15 minutes as well as 9 hours, 4 and 7 days. The pH o f 
the NaCl solution was measured during the immersion tests at 293 K with a pH meter 
120 CORNING. Buffer solutions with pH 4, 7 and 9.2 were used for the calibration o f 
the pH meter. One o f the Mg-Zr alloys (Mg-8.6wt%Zr), which was corroded for 7 days, 
was subjected to heat treatment. The corroded sample was heated up to 673 K and was 
held at this temperature for 5 hours. As will be explained in §8.3.1, the purpose o f this 
experiment was to achieve crystallisation o f the possibly amorphous corrosion 
products ©£ Xx*
The density o f the alloys was estimated using the Archimedian densitometry method. 
The samples were weighed in air and in water and the following formula was used to 
calculate the density
P = ( w ip L  - wLp,)/(wa - w j (3.6)
where: p is the density o f the alloy, wa is the weight o f the sample in air, wL is the 
weight o f the sample in water, pL is the density o f water (0.99823 g.cm'3 at 293 K and 
760 mm Hg) and pa is the density o f air (0.001204 g.cm'3 at 293 K and 760 mm Hg).
Atomic absorption (AA) was performed on an Instrument Laboratories IL357 atomic 
absorption spectrometer. Magnesium and vanadium hollow cathode lamps were used to 
produce the initial radiation which was absorbed by the Mg and V atomised solutions. 
Diluted Mg and .V standards o f initial concentration 1000 ppm were used for calibration 
while Hie samples (Mg , V, and Zr in NaCl solution) were also subjected to dilution 
prior to analysis (e.g 0.5 ppm upper limit for Mg).
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Fig. 3.1: Schematic o f PVD equipment used for the production o f Mg-V,Zr alloys.
Fig. 3.2: Cross section o f Mg-6wt%V vapour deposited alloy 
(backscattered electron micrograph).
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Fig. 3.3: Schematic diagram showing the main features o f  an EELS spectrum
[from Flewitt and Wild 1994].
ejected  LJ;1 electron  
j  Auger e lec tron )
(a) (b)
Fig. 3.4: Schematic diagram o f the XPS processes illustrating (a) photoionisation o f  an 
atom by the injection o f a Is electron and (b) de-excitation o f the ionised atom by the 
emission o f KLL Auger electron [from Watts 1990].
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Fig. 3.5: (a) Translation o f  concentration profiles into an RBS spectrum and (b) 
superposition o f signals [from Chu et al 1978].
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CHAPTER 4 
BULK AND SURFACE CHARACTERISATION OF Mg-V ALLOYS
4.1 INTRODUCTION
When conventional or non-equilibrium processing from the melt are employed as 
processing routes, the differences in crystal structure, electronegativity (0.4 units on the 
Pauling scale), atomic size (V atomic radius =1.35 A, Mg atomic radius =1.60 A, 
difference =15%) [Book o f data 1986, Roberts 1960], as well as the different valencies 
o f Mg and V  are the limiting factors for solid solution formation. These solubility 
limitations may be overcome by using other non-equilibrium methods such as 
condensation from the vapour phase.
The M g-V alloys given in Table 3.1 were studied in the as-deposited condition using the 
experimental techniques described in chapter 3.
4.2 RESULTS
4.2.1 BULK CHARACTERISATION
Typical microstructures o f the alloys studied are shown in figure 4.1. Columnar grains 
with porous boundaries and "V"-shaped colonies o f grains originating from embedded 
particles (fig.4.1b) were all general characteristics o f these microstructures. A  
progressive grain refinement with increasing V content was apparent. The 
microstructure in figure 4.1e is an exception to this trend, since there was a deposit- 
collector detachment during deposition and therefore a decrease in the cooling rate. The 
dark and white bands (a few mm in width) present in the backscattered images in figure
4.2 were Mg- and V-rich respectively and show the existence o f compositional 
variations through the thickness o f the deposits.
TEM micrographs o f sections o f the deposits parallel (i.e. plan view-figure 4.3) and 
perpendicular (i.e. cross-sectional figures 4.4 and 4.5)) to the collector are also shown in 
figures 4.3 to 4.5. Vigues Wwifa reveal the occurrence o f V  precipitation along grain
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boundaries in the alloy with the highest V content. This is confirmed in figure 4.5b, 
which shows the ESI ratio maps for Mg and V. Corresponding EELS spectra from the 
precipitates and the neighbouring alloy matrix are shown in figure 4.5c. The presence o f 
Moire fringes in figure 4.4b suggests an orientation relationship betweeen the matrix 
and the precipitate. Vanadium precipitates accompanied by a Mg rich area (or a 
precipitate free zone-PFZ), as well as compositional variations in the form o f bands (a 
few ran in width) decorated with fine precipitates are apparent in these micrographs. 
The presence o f oxide between the grains o f the deposits is apparent from the EELS 
oxygen ratio map in figure 4.6.
Evidence for the presence o f pure V  in the microstmcture o f the Mg-27 wt%V alloy was 
also obtained from the presence o f peaks at 42.14, 61.15, and 77.07 degrees ( d-spacings 
2.14, 1.51 and 1.23 A  respectively) as shown in the XRD 20 scan in figure 4.7. The 
broadness o f the peaks gave indirect evidence for the sizes o f the precipitates which 
were apparently smaller than the grain size. As shown in table 4.1, both the c and a 
lattice parameters as well as the c/a ratio decreased with increasing V  content, except for 
the case o f Mg-27 V  where the c/a increased.
Table 4.1: Summary o f the results o f the bulk studies
Mean 
composition 
(wt% V)
Lattice parameters (nm) 
0 .3 S 0 9 W !  o .s a u -n m  1 - 6 2 3
Grain
size
fttm)
Hardness
(VHN)
Solid 
solution 
break up 
Tem p/K
Density
/gem'3
K cfj.Vfa c c/a
1 +  0.5 0.3207±10'4 0.5202±10'4 1.622 2-5 57.6+4.2 592 1.59
6.1 ± 0 .8 0.3198±10-4 0.5169±10"4 1.616 1-2 80.6+2.6 583 1.74
17.5 ±  2 0.3187±10"4 0.5136±10'4 1.611 (0.1-0.5) 88+2.7 560 1.78
27.1 +  3 0.3142±10’ 4 0.5074±10'4 1.615 (0.1-0.5) 88.6+4.8 - 2.01
The pole figures in figure 4.8 indicate that the growth direction o f the deposits was 
generally perpendicular to the basal plane. Slight deviation from this fiend (fig. 4.8d) is 
either because the samples were not accurately sectioned parallel to the collector or they
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were taken from an area away from the centre o f the collector. The hardness o f the 
alloys was found to increase with increasing V  content (see table 4.1).
Figure 4.9 shows the data o f the DSC studies. The thermal stability o f  the solid 
solutions appeared to decrease with increasing V  content as suggested by the shift o f the 
first peak in the DSC signal towards lower temperatures. Table 4.1 summarises the bulk 
characterisation results.
4.2.2 SURFACE CHARACTERISATION
Figure 4.10 shows a typical XPS survey spectrum from the outermost surface o f the 
Mg-27V alloy. The spectrum is representative o f all alloys. The presence o f carbonate 
is evidence for the existence o f hydromagnesite at the outermost surface. This has also 
been reported in other Mg alloys [Baliga 1990]. Evidence for hydroxides was provided 
by the shoulders (at~533 eV) o f the O Is peaks in figure 4.11. Magnesium oxide was 
the dominant compound at greater depth in agreement with previous work [Baliga 
1990]. This is shown by the decrease o f the intensity o f the hydroxyl component after 
longer sputtering times as shown in figure 4.1 lb. However, it should be noted that MgO 
was also detected at greater depths, as expected because o f its presence between the 
columnar grains (fig.4.6). Most importantly there was no significant evidence for 
incorporation o f V  in the surface film. Vanadium was not present at the veiy top o f the 
surface and it was also absent (in oxidised state) below the surface (fig. 4.12). The 
feature in the V  2p spectra (figure 4.12) at the binding range o f -522-526 eV is
attributed to the presence o f the O ls line excited by the Al Ka34 X-ray satellite and 
the O Ka X-ray ghost [Briggs and Seah 1990].
The thicknesses o f the oxides on the alloy surfaces were estimated from the RBS spectra 
in figure 4.13. An oxide film consisting o f MgO was considered for the calculations 
(see §3.3.9.2[1 By estimating the width o f the oxygen edge and by using the concept o f 
the stopping cross section factor [Chu et al 1978], the oxide thicknesses for the M g-IV, 
Mg-6V, Mg-17V and Mg-27V alloys were found to be 11, 17, 20 and 10 nm 
respectively. This indicated that an increase in V content in the alloy did not affect the 
thickness o f  the oxide formed at the surface. The RBS spectra in figure 4.13 show a
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reduced concentration o f V  at the surface o f the alloys with low V content (1, 6 wt%) 
and enhanced V concentration at the surface o f die higher (17, 27 wt%) V  content 
alloys. Near-surface reduction o f V  was observed in the latter alloys.
4.3 DISCUSSION
The microstructures o f the low V content deposits consisted o f tapered grains separated 
by pores. These microstructures belong to zone 1 o f the Movchan and Denchishan 
structure model or zone T o f the modified Thornton model [Bunshah 1982] for PVD 
produced microstructures (see §2.3.2 and figs 2.6 and 2.7). Particles embedded in the 
microstructure (fig 4.1b) acted as nucleation points for flake defects which are common 
in PVD deposits [Bunshah 1982]. Then origin are "spits" (small droplets) ejected from 
the molten pool due to either release o f included gas in the starting material or release o f 
a pocket o f vapour, formed due to the excessive power rate provided by the electron 
beam [Bunshah 1982, Boone 1986].
The presence o f dislocations (fig 4.3) was another characteristic feature o f this type o f 
microstructure and is attributed to the very high cooling rates. This, together with the 
lack o f sufficient diffusion to compensate for the shadowing effect o f the vapour flux 
due to surface roughness, is considered responsible for the porosity between the 
elongated grains [Bunshah 1982, Boone 1986] (figures 4.1 and 4.3), while shadowing 
between multiatomic steps could account [Nakahara 1979] for the porosity within the 
grains seen in figure 4.4, (assuming that this is not an ion beam milling effect during 
TEM sample preparation).
Porosity seemed to be eliminated and the grain size to be reduced as the V  content in the 
alloys increased. It has been reported [Bunshah 1982] that when an electron beam is 
used as the evaporation source (as was the case in this work), the collision between the 
electrons and the vapour atoms leads to ionization o f the latter. The ions arrive at the 
collector or deposit surface with a higher velocity compared to the velocity o f the atoms 
since they possess higher kinetic energies due to their smaller size. This results in a 
local increase in the collector or deposit surface temperature and therefore enhancement 
o f surface diffusion. The more the V  atoms participating in the vapour mixture, the
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higher the amount o f V ions striking the collector or deposit surface and therefore the 
more extensive became the surface diffusion. Enhanced diffusion decreased the amount 
o f porosity and increased the rate o f creation o f nucleation sites. This could explain 
both the microstructural refinement and the elimination o f porosity as the V content 
increased.
The reduction in grain size correlated well with the increase in the hardness o f the 
deposits (see table 4.1). Regression o f the measured VHN and mean grain size values 
gave a Hall-Petch proportionality constant, ky«  20 VHNpm1/2 and g0 »  55 VHN. Solid 
solution strengthening due to the presence o f V  atoms in the Mg lattice, which alters 
both a and c lattice parameters, could account for the a0 value which is close to those 
reported for other Mg alloys [Neite et al 1996]. The low ky value, well below those 
reported for Mg-Li alloys [Neite et al 1996], could be attributed to the porous, weak 
grain boundaries present in the microstructure o f the deposits and the intragranular/grain 
boundary mode o f failure characteristic o f Mg alloys. The standard deviation o f the 
hardness values o f the M g-lwt%V (±4.2) and Mg~27wt%V (±4.8) was higher 
compared to the standard deviation values o f the hardness measurements o f the other 
two alloys. This was attributed to enhanced porosity (M g-IV) and localized 
precipitation o f V  (Mg-27V) respectively. It should be noted that neither a detailed grain 
size evaluation nor a microstructural investigation o f the mechanical stability o f  the 
alloys was undertaken. Thus, these observations have more qualitative rather than 
quantitative significance.
The decrease in cooling rate due to deposit-collector detachment caused precipitation o f 
pure V to occur. In agreement with previous studies [Bray 1990], the precipitates were 
formed in bands parallel to or at the grain boundaries (figures 4.4 and 4.5). A  notable 
observation in the present study was that precipitation o f pure V was related to the 
formation o f a PFZ enriched in Mg in some cases (fig.4.5). The PFZ shown in figure
4.5 was formed between an array o f precipitates. In general the formation o f PFZs is 
attributed [Reed-Hill and Abbaschian 1994, Porter and Easterling 1991, Pohnear 1989] 
to either solute depletion near grain boundaries or to reduced vacancy concentration near 
and at grain boundaries, when precipitation occurs in the presence o f vacancies. PFZs 
are expected to form on both sides o f the grain boundary [Reed-Hill and Abbaschian
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1994]. In the present case the vacancy concentration is expected to be high due to the 
non-equilibrium processing conditions employed, and the precipitates were formed at, 
or near the grain and sub-grain boundaries. Also in our case, the formation o f PFZs was 
a rather localised event since it was not always observed in regions containing V 
precipitates. It is therefore assumed that PFZ formation in the PVD M g-V alloys 
studied in this work was related to a local disturbance o f the solute supersaturation level 
due to a local increase o f the substrate or deposit surface temperature.
It is known [Bray 1990, Dodd and Gardiner 1997] that in the PVD processing o f Mg 
alloys the composition can be varied by altering the balance between evaporation rate o f 
the alloy addition, controlled by the power input to the skull crucible, and that o f Mg, 
which is usually maintained at a fixed evaporation rate by controlling the Mg source 
temperature and the nozzle configuration. The presence o f compositional banding 
observed in the microstructures o f the alloys in figure 4.2 and at an even finer scale in 
figure 4.5 is attributed to difficulties in controlling the V evaporation rate. More 
specifically these problems are related to the variation o f the temperature and volume o f 
the surface o f the molten pool in the evaporation water cooled crucible, due to the finite 
size o f the electron beam [Bunshah 1982, Boone et al 1974, Krutenat 1974].
The deposits were also strongly textured, as has been observed previously [Bray 1990]. 
Even though the deposits shared orientation along the c axis (figure 4.8), the texture 
seemed to be influenced by the angle o f incidence o f the vapour stream on the deposit 
(fig. 4. Id). The contraction o f both lattice parameters is attributed to the substitution o f 
the Mg atoms by the smaller V  ones. The decrease o f the c/a ratio indicates that the a 
parameter decreased to a lesser extent than the c parameter. This behaviour could be 
attributed to the electron bands overlapping at the first Brillouin zone at directions 
perpendicular to the c axis. It has been reported that solutes with valency greater than 
that o f Mg tend to increase the characteristic overlap expanding the Mg lattice in 
directions parallel to the a-axis [Raynor 1959]. According to the same argument 
[Raynor 1959], further increase o f the electron/atom ratio due to increased solute content 
gives rise to a second overlap at directions parallel to the c-axis, with result the c/a ratio 
to start increasing. However, such an increase o f the c/a ratio was not observed. It is
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suggested that this is due to electron transfer from Mg to V taking place upon alloying, 
and a subsequent decrease o f the electron to atom ratio (see chapter 6 below).
The temperature where break up o f the solid solution occun'ed decreased as the V
content in the alloy increased (see Table 4.1). The peaks in the DSC traces were quite
broad, probably because o f the existence o f a range o f solid solutions as revealed in the
banding in figure 4.2. Work on other Mg vapour deposited alloys has shown similar
thennal stability behaviour [Bray 1990]. Although the weight changes were small and
the weight change signal was quite noisy it should be noted that the weight change curve 
Pdrop^d abruptly around the temperature range (650-750 K) where a change o f the Mg 
oxidation rate from parabolic to linear has been reported to take place [Gregg and 
Jepson 1958-59, Leontis and Rhines 1946]. The non-protective oxide film does not 
prevent further oxidation and evaporation o f Mg occurs above -748 K [Gulbransen 
1944]. This fact in combination with the Pilling-Bedworth ratio o f Mg, which is 0.81, 
may explain the recorded weight loss. Extensive oxidation o f the deposits is concluded 
from the weight loss results and the sequence o f DSC peaks at about 650 K and above, 
despite the use o f an Ar atmosphere. However, this oxidation has not been confirmed 
by XRD or microscopy.
In terms o f the contribution o f V  to the surface film formation, the situation is not 
promising. Vanadium did not appeal- to contribute to the surface film (fig. 4.12) even 
when it was present in quite large amounts (17, 27 wt%) in the bulk material. Indeed 
the spectra in figure 4.12 consist only o f the metallic V  components V 2p3/2 at -  512 eV 
and V  2p1/2 at -520 eV with the presence o f the O Is X-ray satellite at -  523-524 eV 
particularly enhanced at die outermost surface layers. These values agree veiy well with 
the literature ones [Wagner et al 1979]. Not surprisingly Mg compounds dominated 
over V  compounds due to their thermodynamic stability [Baliga 1990]. The most stable 
air-fonned V oxide is the V2Os [Rostoker 1958] which is a low temperature oxide 
characterised by a less negative free energy o f formation (-568 kJ/mole o f oxygen) 
compared to MgO (-1138 kJ/mole o f oxygen) (see also §2.5). However, if it were 
present it would be seen in the XPS spectrum at -  517 eV and -  524 eV for V  2pM and 
V  2p1/3 respectively [Wagner et al 1979]. Therefore, even if  V oxide formed at the 
metal-oxide interface, it must had been rapidly reduced leaving a surface covered by
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hydromagnesite/brucite in an excess o f Mg oxide which dominated at greater depth. 
The possibility o f the formation o f lower oxides (e.g. V20 3, V 0 2, VO) can be excluded 
since they are high temperature oxides (see §2.5) and in addition they were not 
detectable in the XPS spectra, which would show V 2p2/3 peaks within the energy range 
o f 515 eV to 517 eV [Wagner et al 1979]. The thickness o f the air formed oxide did not 
show any dependence on the V content and it varied between 10 and 20 nm, which is 
similar to the 7 nm thickness o f the dry air-formed oxide reported for pure Mg 
[Kubaschewski and Hopkins 1967].
4.4 CONCLUSIONS
Extensive solid solutions o f at least up to 17 wt% V in Mg were produced by PVD. The 
deposits grew along a direction parallel to the c axis o f the hexagonal lattice. The 
amount o f microstructural porosity diminished, the columnar grain size and both lattice 
parameters decreased with increasing V  content. The thermal stability o f the solid 
solutions in the alloys decreased with increasing V content. Pure V  precipitated out o f 
solution when the solid solubility was not retained. The air formed oxide film was 
composed o f MgO, Mg(OH)2 and M gC03.
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Fig. 4.1: Light micrographs o f the microstructures o f Mg-V alloys, a,b) M g-lwt%V, c) 
Mg-6wt%V, d) Mg-17wt%V, e) Mg-27wt%V.
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(b)
Fig. 4.2: Backscattered electron micrographs o f cross sections o f a) Mg-6wt%V and b)
Mg-17wt%V alloys.
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(a)
(b)
Fig. 4.3: Bright field TEM micrographs o f a) Mg-lwt%V and b) Mg-6wt%V alloys
(plan view).
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(b)
Fig. 4.4: a) Bright field TEM micrograph o f Mg-27wt%V alloy (cross section), b) 
Higher magnification o f the same alloy showing fine precipitates.
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green: Mg; red: V 50 nm
(a) (b)
Energy Iom  (eV)
(c)
Fig. 4.5: a) Bright field TEM micrograph o f Mg-27wt%V alloy, b) Mg and V 
distributions in the area shown in a) measured by ESI, c) EELS spectra on and off the
precipitates.
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Mg K ratio map 50o nm V L23 ratio map
Fig. 4.6: EELS elemental maps o f Mg-27wt%V alloy (section perpendicular to growth
direction).
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Fig. 4.7: XRD 20 scan o f Mg-27wt%V alloy with expected positions o f
metallic Mg and V.
( C )  ( d )
Fig. 4.8: 002 pole figures o f a) Mg-lwt%V, b) Mg-6wt%V, c) Mg-17wt%V and d) Mg-
27wt%V alloys.
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Fig. 4.9: DSC curves o f Mg-V alloys a) Mg-lwt%V, b) Mg-6wt%V, c) Mg-17%V, d)
Mg-27wt%V.
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Binding Energy (eV)
Fig. 4.10: XPS general scan spectrum o f the surface o f Mg-17wt%V alloy. Surface in 
as-polished, non-sputtered condition. Spectrum representative o f all alloys.
Binding Energy (eV )
(a)
Binding Energy (eV )
<b)
Fig. 4.11: XPS Ols spectra o f Mg-17V alloy at a) close to the outermost surface, b) at 
greater depth. Spectra representative o f all alloys.
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Fig. 4.12: XPS V2p spectra recorded during depth profiling. Seven minutes sputtering 
time between each level for a) Mg-6wt% V, and 30 seconds for b) Mg-17wt%V alloy.
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Channel Number
Fig. 4.13: RBS spectra of Mg-V alloys
Chanter 5 Mg-V Corrosion
CHAPTER 5 
CHARACTERISATION OF CORROSION PRODUCTS FORMED 
ON Mg-V ALLOYS AFTER IMMERSION IN 3 wt% NaCI
5.1 INTRODUCTION
Thermodynamic consideration o f the corrosion o f Mg alloys shows that protection o f 
Mg can be achieved by passivation via formation o f corrosion products which exhibit 
low solubility in aqueous environments over a wide range o f pH. Magnesium is 
covered by MgO overlaid by Mg(OH)2 in the presence o f pure water. An improvement 
o f corrosion behaviour can be expected by formation o f another oxide in MgO or 
formation o f a double oxide to give a continuous and uniform coverage o f the alloy 
surface under corrosive conditions (see also chapter 2).
The participation o f the alloying element in the corrosion products has been thought to 
be the reason for the low corrosion rates reported for rapidly solidified (RS) Mg-RE 
(Mg-rare earth) [Hehmannand Jones 1993] and Mg-Al alloys [Baliga 1990, Baliga and 
Tsakiropoulos 1993] (see §2.2.2). The incorporation o f the Al cations in the brucite 
layered structure via substitution o f the Mg cations and a subsequent increase in the 
local positive charge were given as the reasons for the observed lower corrosion rates o f 
RS Mg alloys with an Al content greater than 10 wt% [Baliga 1990, Baliga and 
Tsakiropoulos 1993]. The increased positive charge was assumed to be balanced by 
"trapped" OH' and Cl' anions in the brucite structure. The trapped harmful anions were 
then prevented from moving within the brucite layers and thus further corrosion was 
inhibited. In this chapter the structure o f the surfaces o f the corroded Mg-V alloys is 
discussed and a mechanism for the formation o f the corrosion products is proposed.
5.2 RESULTS
The results o f the gravimetric corrosion rate measurements as well as o f the atomic 
absorption studies are summarised in Table 5.1.
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Table 5.1: Results o f atomic absorption and corrosion tests.
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Alloy (wt%) Immersion time Mg loss 
(pmm)
Vloss
(pmm)
Weight loss 
(mdd)
Pure Mg* 7 days Not available 30
Mg-IV 7 days 70 Not detectable 30
Mg-6V 7 days 180 5.5 30
Mg-17V 7 days 140 27.5 31
Mg-27V 7 days 400 59 1619
Mg-IV 30 hours 25 Not detectable Not available
Mg-6V 30 hours 25 Not detectable Not available
Mg-17V 30 hours 20 3.4 Not available
Mg-27V 30 hours 90 51 Not available
Pure Mg* 9 hours 7 Not available
Mg-IV 9 hours 25 Not detectable Not available
Mg-6V 9 hours 25 Not detectable Not available
Mg-17V 9 hours 20 Not detectable Not available
Mg-27V 9 hours 45 34.3 Not available
* Specimen deposited by PVD
The increase in the corrosion rate o f the Mg-27wt% V alloy was dramatic. The high 
corrosion rate o f this alloy is also demonstrated in figure 5.1 which shows the variation 
o f the Mg/V ratio with immersion time. The relative concentrations were calculated 
using the actual concentrations o f the two metals in the NaCI solution, divided by the 
nominal compositions o f the alloys.
The XRD data in figure 5.2 corresponds to analyses carried out on whole samples 
corroded for 7 days, while the data in figure 5.3 refer to exfoliated corrosion products 
after 7 days immersion. These results were also representative o f the alloys corroded for
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9 and 30 hours and suggested that Mg(OH)2 and MgO were the main phases formed. 
Some evidence for presence o f V oxide in the form o f magnesium vanadate was 
provided by the presence o f the broad peak at 22.4° (d-spacing 0.397 nm), see figure 5.3. 
Pure V was also identified in some o f the corroded Mg-17V alloys, as shown in figure 
5.2b (broad peak at 42.5°, d-spacing 0.212 nm), while there was also some evidence for 
the existence o f magnesium hydride (figure 5.2a at 27.9°, 35.8°, 39.9°, 54.7° d-spacing 
0.319, 0.251, 0.225 and 0.168 nm respectively).
XPS spectra for all alloys for all immersion times suggested the presence o f 
hydromagnesite at the outermost surface, indicated by the presence o f C 03' (inset in 
figure 5.4a) and OH" (figures 5.4c,d). The absence o f V at the outermost surface (fig. 
5.4a) even for the high V content alloys is remarkable. There was no evidence for any 
vanadium oxide at the surfaces o f the alloys immersed for 7 days even after sputtering to 
a depth o f«  0.5mm (depth was approximated considering the NPL standard 1.2nm.min1 
for sputtering T a ^  on a pure Ta substrate). These surfaces appeared to consist mainly 
o f Mg(OH)2 and MgO. Vanadium oxide (fig.5.5) co-existed with MgO/Mg(OH)2 in the 
corrosion layer o f the alloys immersed for 9 hrs. In the same figure the shift o f the V 
2p3/2 peak to higher binding energies after 11 sputtering levels must be attributed to the 
surface roughness due to the non-uniform corrosion. XPS spectra o f the Mg-17V alloy 
corroded for 5 minutes are shown in figure 5.6. Vanadium oxide was absent from the 
outermost surface. However V 4 was evident within the corrosion products below the 
outermost surface layers (fig. 5.6d,e). Vanadium oxide was also absent in the corrosion 
products o f the lower V content alloys (figure 5.4b). It should be mentioned that the 
hump at the binding energy range o f «  522-526 eV in figures 5.4b, 5.5a, and 5.6d is
attributed to the presence o f the Ols line excited by the Al Ka3 4 X-ray satellite and 
the O Ka X-ray ghost [Briggs and Seah 1990].
Figures 5.7 to 5.9 show the RBS spectra o f the alloys corroded for 7 days, 9 hrs and 5 
minutes. The thick oxide and the surface roughness (because o f non-uniform corrosion) 
o f the alloys immersed for long times resulted in a non-sharp oxygen edge and a graded 
metal-oxide interface, as shown by the spectra in figures 5.7 and 5.8a. The oxygen edge 
o f the alloys immersed for 5 mins was much sharper (figure 5.9b). However, the Mg 
signal o f the surface-bulk interface in the spectra o f the alloys immersed for 5 minutes
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indicated a graded metal/oxide interface, as shown by the Mg edge in figure 5.9b. In all 
spectra the vanadium edge showed depletion o f V at the surfaces especially o f the low V 
content alloys. This was in agreement with the XPS results which also indicated V 
depletion in the outermost surface. The most enhanced participation o f V in the 
coixosion products occurred for the Mg-17V alloy. In the RBS spectra o f this alloy the 
V signal at the near surface region, although showing depletion compared with the bulk 
signal, yielded higher than the signal from the other alloys including the Mg-27V alloy.
Figures 5.10 and 5.11 show SEM micrographs o f the corrosion products grown on the 
deposits after 9. hours immersion in 3 wt% NaCI as well as WDX elemental maps (O, 
Mg, V, Cl) o f the same areas. Porosity, cracks and lack o f compositional uniformity in 
the oxide scale as well as poor adhesion between the surface layer and the metallic 
substrate are apparent.
Exfoliated corrosion products o f Mg-17V alloy are shown in figure 5.12. The core 
(bright region H) consisted o f non-corroded material and was surrounded by corrosion 
products. Porosity and transverse cracks were present in the corrosion layer. 
Preferential attack at the surface o f the Mg-27 wt% V alloy is shown in the SAM 
elemental maps in figure 5.13, where the surface was oxidised during metallographic 
polishing and the V-rich areas were attacked. It should be pointed out that the Mg-rich 
surface areas were also carbon rich. Figure 5.14 shows SAM maps o f the same alloy 
after 1 min immersion in the corrosive solution. Vanadium was present at the sites o f 
attack, while Mg was absent. The Cu Auger maps did not indicate the location o f 
anodic and cathodic sites. Since the existence o f the galvanic cell is related to the 
presence o f fine precipitates o f pure V, the location o f the anodic/cathodic sites is 
beyond the resolution capacity o f the instrument.
Table 5.2 gives the elemental ratios in the corrosion products. Although quantitative 
EDX analysis was used for the long immersion times, RBS analysis performed on alloys 
corroded for 9 hrs and 7 days gave (in most o f the cases) an 0:M g ratio approximately 
2:1, which corresponds to Mg(OH)2. However, since quantification o f the RBS spectra 
was affected by surface roughness and differences in oxide thickness, the quantitative 
analyses o f the RBS spectra o f the samples corroded for long periods were not included
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in tablej2. Moreover, due to the presence o f grafed Mg surface/bulk interface, the 
location o f the surface Mg signal was difficult (and arbitrary to some extent). 
Therefore, the RBS results are o f qualitative significance. Since the XPS results for the 
alloys immersed for 7 days indicated predominantly the presence o f Mg compounds, 
EDX/WDX analysis o f those samples was selective (high V content alloys) and 
indicated 0:M g ratios approximately equal to 2:1. These results are also not included in 
table 5.2. Table 5.2 shows a surface depletion o f V (high Mg:V ratios for short 
immersion times) and progressive enhancement in the bulk o f the corrosion products 
(decreased Mg:V ratios for longer immersion times). It also shows an enhanced 
presence o f V in the corrosion products with increased V content in the alloy (0:V  and 
Mg:V ratios decrease with increasing V content).
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The TEM micrograph in figure 5.15a shows the microstructure o f corrosion products 
exfoliated from the surface o f a Mg-17V alloy and the con-esponding EDX spectrum o f 
the area. The SADP (insert) indicates the presence o f MgO. Figure 5.15b is a higher 
magnification electron micrograph o f MgO crystallites. Corrosion products rich in V, as 
indicated by the EDX spectrum, are shown in figure 5.16. The SADP indicates the 
presence o f MgO.V20 4 and Mg(OH)2.
Table 5.2: Elemental ratios (at %) in the corrosion products.
Alloy (wt%) Immersion Time 0:M g ratio M g:V ratio 0 :V  ratio
M g-IV 5 minutes 3 :5* 98:1* 60:1 *
M g-6V 5 minutes 2 :5* 62:1 * 27:1 *
Mg-17V 5 minutes 3:10 * 34:1 * 10.5:1 *
Mg-27V 5 minutes 1:1* 6.2:1 * 6:1 *
M g-IV 9 hours Not available Not available Not available
M g-6V 9 hours 1:1 ** 23.5:1 ** 23.8:1 **
M g-17V 9 hours I q .j ** 8.9:1 ** 18.1:1 **
Mg-27V 9 hours 1:1 ** 10.4:1 ** 11.9:1 **
estimated by RBS 
estimated by EDX
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5.3 DISCUSSION
5.3.1 BEHAVIOUR OF THE DEPOSITS IN 3 wt% NaCI
It is widely known that galvanic and microgalvanic phenomena have detrimental effects 
in terms o f the corrosion resistance o f Mg alloys. Magnesium is more electropositive 
than V. Their standard electrode potentials with respect to hydrogen [Cowan and 
Harrison, 1979] are -2.37 volts for Mg2+ and -1.17 volts for V2+ (see also §2.1.3). 
Therefore, it is expected that Mg would be consumed preferentially when in contact 
with V. The difference in activity between the V precipitates and the Mg-rich PFZ 
present in the microstructure o f the alloys (see also chapter 4), is considered to be 
responsible for preferential attack o f the Mg matrix and the corresponding increase in 
the corrosion rate o f the Mg-27V alloy by two orders o f magnitude (Table 5.1). The 
detrimental role o f V precipitates is also demonstrated in figure 5.13. The surface o f the 
Mg-27V alloy, where precipitation o f V was observed (see chapter 4), was readily 
attacked at the V rich areas.
In addition to the loss o f both Mg and V o f the Mg-27V alloy into the corrosive 
solution, the Mg loss was quite high during the first few hours o f immersion even for the 
other alloys, which exhibited lower corrosion rates (Table 5.1). This could be attributed 
to instability o f Mg(OH)2 when the pH was low (during the first 30 minutes o f 
immersion), as well as dissolution o f the base metal in pits and crevices such as 
substrate cracks, boundaries o f PVD flake defects (see chapter 4) and local breakdown 
o f the scale with subsequent exposure o f the underlying metal surface. The non- 
protective nature o f the corrosion layer is also supported by the data in figure 5.1. As 
expected the Mg/V ratio in the solution increased continuously for the alloy with the 
worst corrosion behaviour. It remained constant, but still significant at a value around 1, 
for the Mg-17V alloy, which exhibited moderate corrosion resistance. The initially low 
Mg/V ratio (around 0.5) for the Mg-27V alloy (figure 5.1) can be attributed to the 
galvanic action between the V precipitates and Mg matrix and the subsequent V loss 
into solution; the surrounding Mg rich matrix dissolving first and releasing precipitates 
into solution which also dissolved possibly as HV20 5'. The non-protective role o f V in 
the corrosion behaviour o f Mg-V alloys is also shown by the values o f Mg loss in table
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5.1. The non-alloyed deposit (vapour deposited pure Mg) exhibited a material loss that 
was three times lower than the loss for the alloys. This behaviour is attributed primarily 
to galvanic action, as well as to the nature o f V oxide formed and its stability in the 
corrosive solution, as discussed below.
5.3.2 NATURE OF CORROSION PRODUCTS AND THEIR EVOLUTION
The limited evidence by XRD for the presence o f V compounds amongst the corrosion 
products could be due to the low volume fraction o f these compounds and their small 
size (broad XRD peak in figure 5.3). Vanadium oxide participated as V20 4 in the 
coirosion film (figures 5.5a,b,c and 5.6d,e). The main feature o f the V 2p XPS spectra 
was the existence o f a broad peak at —516 eV, indicating the existence o f V44. The V44 
2p peak position (516.3 eV) and the peak width (3.1 eV) are in good agreement with the 
values reported in the literature [Sawatzky and Post 1979, Groenenboom et al 1974]. 
The anomalously wide 2p peak o f V20 4 compared to V° and/or V2Os is attributed to the 
narrow 3d band o f V20 4 (it contains one electron) and the relatively strong core hole - 
conduction electron interaction [Sawatzky and Post 1979].
It has been suggested [Sawatzky and Post 1979] that if the Coulomb interaction 
between the core hole and the valence electrons is large, compared to the valence 
bandwidth, the peak width o f the core level, defined as full width at half-maximum 
(FWHM) [Briggs and Seah 1990], is large. It is also known [Briggs and Seah 1990] 
that the natural or inherent width o f a core level is inversely proportional to the core­
hole lifetime, as a direct reflection o f the uncertainty in the lifetime o f the ion state 
remaining after photoemission. Therefore, a strong valence (conduction) electron-core 
hole interaction would reduce the core-hole lifetime, thus increasing the peak width. 
Alternatively, a narrow valence band increases the uncertainty about the valence to 
which the photoelectron peaks correspond, the result being an increase o f the peak 
width. However, a slight departure from the exact oxide stoichiometry could also be an 
additional reason for the large peak width. The asymmetric shape o f the photoemission 
line 2p o f V20 4 has also been attributed [Blaauw et al 1975] to the fact that the core hole 
- valence electron interaction is larger than the energy gap which characterises the 
semiconducting nature o f the oxide. Thus, V20 4 can be considered as a metal and in
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such a case the asymmetry in tire core level photoemission peaks can be explained 
[Briggs and Seah 1990].
Another noticeable observation was the intensity o f the V° peak (fig. 5.6e) which was
higher than the intensity o f V+4, indicating the presence o f metallic V within the
corrosion products. This could be attributed either to surface roughness and exposure o f
substrate areas during sputtering, or to the presence o f metallic V within the corrosion
products. The latter seems more likely since Mg co-existed in a corroded form, as
indicated by the oxide component o f the Mg KLL Auger peak in figure 5.6b. This was
also confirmed by the broad metallic V peak in the XRD data o f the corroded Mg-17V
alloy shown in figure 5.2b. It should be noted that the microstructure o f the Mg-17V
alloy was foimd to be precipitate free in the as deposited condition (see chapter 4).
\mt
Therefore, metallic V mustjjexisted within the corrosion products. The V rich regions in 
figures 5.10b and 5.11a also indicated the localised presence o f V in metallic fonn. This 
can also be seen in the oxygen and vanadium dot maps in figures 5.11 b,d. The V-rich 
areas in the corrosion products corresponded to regions o f oxygen depletion. The lack 
o f chemical uniformity (banding) in the composition o f the substrate combined with the 
instability o f V oxides in the presence o f an electrolyte, are considered responsible for 
the existence o f metallic V within the corrosion products.
As shown in chapter 4 the surfaces o f the as deposited alloys consisted o f a mixture o f 
Mg oxide/hydroxide with the oxide dominating at greater depths. The isoelectric point 
[Parks 1965] o f MgO is higher (~12) than the highest value o f the pH o f the solution 
(10.5). Therefore the magnesium oxide surface was basic compared to the solution, 
which resulted in hydrolysis and formation o f Mg(OH)2. At the first stages o f corrosion 
and after the initial hydrolysis o f the surface oxide, localised attack occurred either 
below the hydrolysed MgO at regions enriched in precipitates, and/or at interfaces 
between compositional bands and/or at regions o f disruption o f the initial thin oxide film 
such as pores at grain boundary. Products enriched in V were formed due to Mg 
dissolution. Initial Mg dissolution (as indicated by atomic absorption) occurred via 
formation o f the soluble magnesium oxy-hydroxylchloride, as indicated by the presence 
o f Cl at the sites o f attack (figure 5.14). Due to the low stability o f V20 4 in the presence 
o f water (V20 4 is soluble in both acidic and alkaline environments [Pourbaix 1966])
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corrosion could not be inhibited. Progressively Mg also participated in the corrosion 
film forming MgO/Mg(OH)2 and possibly a mixed oxide (Mg0.V20 4) in areas with a 
locally high V concentration (fig. 5.16).
Figure 5.17 illustrates a possible mechanism whereby V rich regions are formed in the 
bulk o f the corrosion products. The intersection o f the final surface by bands o f 
different composition (fig. 5.17a) leads to the localised attack at the exposed interfaces 
between the V poor and V rich bands (fig. 5.17b). The regions depleted in V dissolved 
preferentially (figure 5.17c and points A, B and C in figures 5.18 a,b) due to their lower 
corrosion potential compared to the V rich regions. It is known that when Mg is 
coupled to a more noble metal the electric tension is sufficient to push out Mg atoms 
into solution [Higgins 1958]. Therefore, the existence o f V in metallic form may 
account for acceleration o f the corrosion process via galvanic action between V coming 
out o f solution during dissolution o f the Mg matrix and the matrix itself. The presence 
o f stresses at the interfaces due to different extent o f solid solution strengthening in the 
bands should in principle enhance corrosion. The interface exposed to the aggressive 
environment was an energetically favourable site for corrosive attack. The detrimental 
effect o f the compositional banding across the thickness o f the deposits is illustrated in 
figure 5.18. Galvanic action between bands intersecting the surface and which were rich 
(bright) and poor (dark) in V resulted to corrosion proceeding through the Mg rich areas. 
When the Mg-rich regions were consumed corrosion propagated through the V rich 
regions until V depleted areas were again reached and the whole process was repeated. 
This "cyclic" evolution o f coixosion led to "encapsulation" o f V-rich regions in the oxide 
scale (figures 5.17c,d, 5.10b and 5.11a).
The thermodynamic stability o f the Mg compounds in the solution plays the dominant 
role in the formation o f the corrosion products. Thus, Mg(OH)2 formed readily while 
the V20 4 formation degraded and even when V20 4 did form in V-rich regions it was 
susceptible to dissolution in the form o f HV20 5‘ according to the reaction [Pourbaix 
1966]:
V20 4 + H20  = HV20 5- + H+ log(HV20 5) = -10.3 + pH (5.1)
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V20 4 is an amphoteric oxide soluble in both acidic and alkaline environments [Pourbaix 
1966]. However, it is less soluble in basic solutions [Pourbaix 1966]. In this study the 
initial pH o f the solution was 5.5, quickly rising to 10.2 (pH o f buffered solution) after 
approximately 30 minutes. Therefore, it is envisaged that V20 4 formation and stability 
must have depended on the initial hydrolysis o f MgO to Mg(OH)2 and the dissolution o f 
Mg. V20 4 formation should also be the result o f the oxidation o f lower oxides according 
to the following reactions [Pourbaix 1966]:
2V + 2H20  = V20 2 + 4H+ + 4e- E0 = -0.820 - 0.0591 pH (5.2)
V20 2 + H20  = V20 3 + 2H4 + 2e E0 = -0.549 - 0.0591 pH (5.3)
V20 3 + H20  = V20 4 + 2ET + 2e E0 = 0.210 - 0.0591 pH (5.4)
where E0 is the equilibrium electrode potential o f the reaction.
The corrosion mechanism proposed above is also in agreement with the observation that 
vanadium oxide did not exist at the outermost surface (figures 5.5a, 5.6d) or was 
depleted at near surface regions o f the scale (figures 5.7 to 5.9), which consisted mainly 
o f magnesium hydroxide and carbonate (figures 5.4a,c, 5.6a,c). The dissolution o f V20 4 
and the hydrolysis o f MgO to its hydroxide are considered to be the reason for the 
enrichment o f the outermost surface in Mg(OH)2 and its depletion in V20 4. Vanadium 
oxide did exist below the outermost surface.
The presence o f C03*2, and particularly OH' in the surfaces o f the alloys corroded for 7 
days are attributed to Mg(OH)2 precipitation from the saturated NaCl solution and the 
feasibility o f hydromagnesite and bracite formation. The presence o f carbonate at the 
outermost surface o f all corroded alloys in all conditions is in agreement with previous 
reports on hydromagnesite formation [Baliga 1990, Baliga and Tsakiropoulos 1992, 
1993, Baliga et al 1989], as well as on magnesium carbonate acting as a seal for the 
hydroxide film [Makar and Kruger 1993]. Magnesium carbonate may be formed either 
due to the reaction o f Mg with atmospheric C02 [Makar and Kruger 1993] and/or due to 
the presence o f C 032' in alkaline (pH»10.5) solutions [Baliga 1990, Pourbaix 1966].
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Moreover, it is known [Pourbaix 1966] that C02, H2C 03, and HCOf are 
thermodynamically stable in aqueous solutions and in the presence o f oxygen and 
oxidising agents.
In the coixosion products chlorine was detected only with EDX analysis in the TEM and 
SEM. Neither XPS nor RBS gave evidence for Cl within the corrosion products. The 
presence o f Cl could be related to Mg(OH)2 which existed in excess in the corrosion 
scale. Chlorine is considered to be an incorporated species within the Mg(OH)2 
defective structure [Baliga 1990, Baliga et al 1989]. Existence o f Mg(OH)Cl can be 
excluded since it is stable only in acidic environments (pH between 2 and 7) [Casey and 
Bergeron 1953] and dissociates to Mg(OH)2 in the presence o f excess hydroxyl anions, 
as was the case after 30 minutes immersion. Furthermore, Mg(OH)Cl or any 
magnesium-chlorine compounds were not detected with XRD.
The chemistry o f the Mg and V corrosion products formed on the surfaces o f the alloys 
during the first minutes o f corrosion was the same as for the products fonned after 
longer immersion time. The thickness o f the surface film did not vary significantly with 
V content in the alloys, as the thickness o f the oxygen signal on the RBS spectra was 
approximately the same for all alloys (see figure 5.9). Therefore, the V content does not 
seem to have any significant effect on the thickness o f the corrosion film, as was the 
case o f the Al content in rapidly solidified Mg-Al alloys [Baliga 1990, Baliga and 
Tsakiropoulos 1993] (see also §2.2.2). The evidence for thick interface on the spectra o f 
the alloys immersed for 9 hours and 7 days (figures 5.7, 5.8) is attributed to surface 
roughness caused by the non-uniform corrosion o f the deposits (fig. 5.10d). However, a 
graced interface was observed on the RBS spectra o f the alloys corroded for short times. 
This is considered to be an indication o f corrosion advancing between the porous 
columnar grains o f the deposits, leading to a rough metal/oxide interface.
Afc table 5.2 illustrates, the Mg:V ratio o f the corrosion products was very high for the 
alloys immersed for 5 minutes and decreased as the V content o f the alloys increased. 
The results show an enhanced participation o f V in the corrosion products o f the Mg- 
17V and Mg-27V alloys. The fact that the Mg:V ratio was much higher compared to 
the ratio measured after longer immersion (9 hrs) is attributed to the fast initial con*osion
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o f the alloys, the low thermodynamic stability o f V20 4, especially at low pH values, and 
the formation o f Mg(OH)2. The latter contributed to the rapid increase o f the pH o f the 
solution. The Mg-27V alloy was an exception in this respect. The initially low Mg:V 
ratio (6.2:1) did not vary significantly after longer exposure time (10.4:1 after 9 hours 
immersion). This may be attributed to the rapid dissolution o f the Mg-rich matrix and 
the subsequent exposure o f pure V precipitates in the oxide scale, as well as to severe 
disintegration o f the corrosion scale. The Mg:V ratio was well above the 1:2 value, 
which corresponds to the Mg0.V20 4, and this indirectly indicates the localised character 
o f MgO.V20 4 formation (i.e., excess o f Mg(OH)2). However, it should be mentioned 
that the EDX results are essentially qualitative due to the nature o f the corrosion 
products (porous, cracked) and then* instability under the electron beam, and 
consequently it is difficult to draw generalised conclusions.
The fact that V did not participate significantly in the corrosion products o f the lower V 
content alloys (1, 6 wt%), while it was incorporated in the scale o f the higher V content 
alloys, is thought to be a compositional effect. The V content in the alloy has to exceed 
a certain level in order for V oxide to be present in a significant amount within the scale. 
Similar observations have been reported for Mg-Al alloys where Al participated in the 
corrosion products when the solute content was present at > 10wt% [Baliga 1990, 
Baliga and Tsakiropoulos 1993], while it had no effect for lower concentrations [Baliga 
et al 1989] (see also §2.2.2).
Figure 5.13 provides additional evidence for the formation o f the hydromagnesite film 
which covered the corrosion products, since the presence o f C was more intensive in the 
Mg rich areas. The highly negative free energy o f hydromagnesite formation and 
previous reports [Baliga 1990, Baliga and Tsakiropoulos 1993, Baliga et al 1989] 
support the argument for the hydromagnesite formed as an overlayer, as found by XPS.
5.3.3 PRESENCE OF MAGNESIUM HYDRIDE
The XRD spectrum in figure 5.2a shows a series o f low intensity peaks corresponding to 
Mg hydride (MgH2), which has a tetragonal crystal structure (ao:0.452 and bo:0.302 nm). 
The low intensity and the fact that MgH2 was not observed in all the corroded alloys are
90
Chanter 5 Mg-V Corrosion
attributed to the low volume fraction o f MgH2 in the corrosion products and the local 
character o f its formation.
Several possibilities, such as formation o f metastable Mg+, metal loss by disintegration 
and damaging o f the protective film by aggressive anions, have been considered [Cowan 
and Harrison 1979, Tunold et al 1977, Petrova and Krasnoyarskii 1987, James et al 
1963] in the literature in order to explain the "negative difference effect" (NDE) which 
characterises the corrosion o f Mg [Makar and Kruger 1990, Robinson and King 1961, 
Petrova and Krasnoyarskii 1987, James et al 1963]. The term NDE is derived from the 
fact that the rate o f hydrogen release is increased sharply when the metal is polarised 
anodically. Magnesium hydride has been reported [Brun et al 1976, Nakatsugawa et al 
1997] to form under anodic polarisation conditions and the transformation o f the MgH2 
to Mg(OH)2 has also been considered [Perrault 1970] as a possible mechanism for the 
extra H2 evolution:
Mg + 2 H20  + 2 e = MgH2 + 2 OH' (5.5)
MgH2 + 2 OH' = Mg(OH)2 + H2 + 2 e (5.6)
Passivation due to MgH2 film formation, which has been reported in the literature 
[Nakatsugawa et al 1997], cannot be considered as being the case in our study mainly 
due to two reasons. Firstly, the corrosion scale formed on the alloys exhibited a general 
non-protective behaviour and secondly MgH2 was detected in limited amounts and not 
in all cases.
The MgH2 formation is generally very slow [Hjelmberg 1979, Karty et al 1979], the 
surface oxide and the low activation energies for surface and bulk diffusion being the 
main reasons for this [Hjelmberg 1979, Karty et al 1979]. The fact that prior to MgH2 
formation hydrogen has to be adsorbed and dissociated, in combination with the low H2 
dissociation pressure, also makes MgH2 formation difficult [Karty et al 1979].
Magnesium hydride belongs to the group o f saline (ionic) hydrides but it also has 
properties o f covalent hydrides [Libowitz 1965]. Its partially covalent nature is
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illustrated by the fact that it has the less negative free energy o f formation (-8.17 
kcal/mole) [Libowitz 1965] among the other alkaline earth hydrides. Although it was 
initially believed that hydrogen in metallic hydrides was present as protons, it is now 
established [Libowitz 1965, Shaw 1967] that in saline and metallic hydrides the ciystal 
lattices consist predominantly o f metal cations and H\ MgH2, if formed, should exist 
close to the metal/oxide interface since its formation requires relatively clean metallic 
surfaces.
With XPS depth profiling the Mg Is, KLL and 2p peak positions o f all corroded alloys 
were measured for a series o f depth levels from the surface down to the base metal. It 
was anticipated that MgH2 formation could be checked by measuring the Mg Auger 
parameter (AP). The concept o f the AP will be discussed in detail in chapter 6. By 
estimating the Mg24- Is and Mg2+ 2p peak positions two Auger parameters were 
calculated. Their values at the outermost surface were found to be 2483.7 ±0.1 eV and 
1230.5 ±0.1  eV for the Is and 2p photoelectron lines respectively. The values in the 
oxide scale close to the metal/oxide interface were found to be 2484.7 ±0 .1  eV and
1231.2 ±  0.1 eV, which correspond to MgO. The values corresponding to metallic Mg 
were found to be 2488.6 ±0.1 eV and 1235.5 ±0.1 eV. The values for both the metallic 
and oxide components o f the spectra were in agreement with values given in the 
literature [Briggs and Seah 1990].
If hydrogen were present as protons then magnesium should be present as negatively 
charged species. Therefore, the value o f the AP corresponding to MgH2 should be 
higher than that o f metallic Mg. However, this did not appear to be the case. Since 
hydrogen is expected to be present as H', the Mg AP would be expected to have a value 
higher than the value o f the oxide and lower than that o f the metal. The values 
calculated at the outermost surface were lower than the ones mentioned in the literature 
for MgO and lower than the values measured deeper in the corrosion products. The fact 
that MgH2 should be formed near the metal surface led us to die conclusion that these 
values (at the outermost surface) correspond to Mg(OH)2 formation. Auger parameter 
measurements o f pure Mg(OH)2 gave a value o f 2483.5±0.1 eV, which is close to the 
value corresponding to the outermost surface (2483.7±0.1 eV).
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The presence o f pores close to the alloy/oxide interface in figure 5.10c support the 
argument for pore formation due to hydrogen evolution. The latter would be expected 
to occur during the cathodic reaction o f the corrosion process at points which are at the 
shortest distance to the metal [Cowan and Harrison 1979], i.e. close to metal/oxide 
(hydroxide) interface. It should also be attributed to H2 evolution during reaction 6, 
since MgH2 might had already formed at relatively clean surface regions or at areas 
where the initial oxide film was not too thick. Presence o f porosity close to V-rich 
regions might be also an indirect evidence for the local character o f hydride formation 
and its instability. Porosity is attributed to H2 evolution, which in turn might occur as a 
result o f two phenomena  ^ firstly because o f the hydrogen reduction during Mg micro- 
galvanic corrosion at these regions (and subsequently acceleration o f corrosion, as 
discussed in section 5.3.2), and secondly because o f additional H2 evolution according to 
reaction 5.6.
In summary, the presence o f MgH2 detected by XRD was a rather localised event due to 
the difficulties encountered during its formation, such as the presence o f the 
thermodynamically more stable MgO at the surface. MgH2 was not detected with XPS 
since the measured Mg Auger parameter for the non-metallic component near the 
metal/oxide interface corresponded only to MgO. However, the localised presence o f 
MgH2 should not be excluded at regions close to the metal/oxide interface or near the V- 
rich regions in the oxide scale.
5.3.4 MECHANICAL STABILITY OF THE CORROSION SCALE
Porosity, cracks and compositional inhomogeneity characterised the corrosion scales o f 
the alloys. The first two features were common in the corrosion products o f all alloys, 
while the third was characteristic o f the high V content alloys (Mg-17V and Mg-27V). 
The thicknesses o f the corrosion scales, which varied from 10 to 50 p n  before 
exfoliation phenomena occurred (i.e. for immersion less than 9 Ins), increased the 
possibility o f defects being present in the bulk o f the coixosion products. The cracks 
were mainly perpendicular to the substrate (figures 5.10, 5.11a) and formed a network 
(fig. 5.11a), since they intersected each other at 90° parallel to the collector surface 
(figure 5.1 ld). Their presence can be attributed to tensile stresses in the scale. The lack
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o f compositional uniformity in the corrosion products could also introduce some 
additional stress concentration, resulting in cracking.
There was significant material loss into the corrosive solution for all alloys. Although 
the dissolution o f Mg and V oxides . CQrw°\ be ignored, the base metal was also 
dissolved by diffusion through the defective scale. Indeed as shown in Table 5.2, the 
Mg/V ratio in the corrosion products decreased with increasing immersion time. Since 
Mg(OH)2 becomes more stable with time, (due to the increase in pH), one would expect 
the Mg base metal to be dissolved at pits and crevices and to be transported through the 
scale cracks. This material loss should have resulted to a Pilling-Bedworth ratio less 
than 1. The unreacted core o f the exfoliation products in figure 5.12 is also evidence o f 
material loss due to spalling and consequently an additional reason for the Pilling- 
Bedworth ratio being less than 1. However, disintegrated corrosion products could also 
be considered to form owing to the low Pilling-Bedworth ratio o f the scale.
Presence o f porosity in the scale could be attributed to hydrogen evolution during the 
immersion test as explained in section 5.3.3, and subsequent gas entrapment within the 
scale. Pores could act as both crack initiation and crack inhibition sites. This is 
demonstrated in figure 5.10c by the presence o f pores close to the metal/oxide interface, 
which are interconnected with cracks. This might be another reason for the poor 
adherence o f the oxide scale.
Figure 5.10b shows that the V rich regions can provide toughening o f the scale. These 
V rich regions seemed to act as crack inhibition sites especially when they were oriented 
with their shorter dimension parallel to the crack (point D in figure 5.10b).
5.4 CONCLUSIONS
The corrosion products formed on PVD Mg-V alloys after immersion in NaCl solution 
consisted mainly o f Mg(OH)2 and MgO with the latter phase progressively dominating 
with depth. The top surfaces were covered with a mixture o f Mg(OH)2, MgO and 
M g(C03)2 in the form o f hydromagnesite. Vanadium formed a mixed oxide with MgO 
and participated in the corrosion scale as Mg0.V20 4 when the solute content exceeded 6
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wt%. Formation o f Mg0.V20 4 occurred in V rich regions and did not result in an 
improvement in the corrosion resistance of the alloys owing to the low thennodynamic 
stability o f V20 4 in the saline environment.
A porous, soluble, highly cracked and non-adhesive corrosion scale formed on the PVD 
Mg-V alloys, which was also compositionally non-uniform and susceptible to 
disintegration. The compositional inhomogeneity o f the deposits accounted for galvanic 
effects and localised attack. The dramatic increase o f the corrosion rate o f the alloys 
with the highest V content is attributed to microgalvanic action between pure V 
precipitates and the surrounding Mg-rich matrix.
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Figure 5.1: Mg/V relative concentrations in solution vs immersion time
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Figure 5.2: XRD spectra o f (a) Mg-lwt%V and (b) Mg-17wt%V alloys corroded for 7
days in 3 wt% NaCl solution.
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Figure 5.3: XRD spectrum o f corrosion products exfoliated from Mg-17wt%V alloy 
after 7 days immersion in 3 wt% NaCI solution.
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Figure 5.4: XPS spectra o f Mg-6 wt%V after 9 hours immersion in 3wt% NaCl solution,
(a) survey spectrum o f outermost surface, (b) V 2p XPS spectrum after 60 minutes 
sputtering, (c) O Is spectrum after 30 minutes sputtering and (d) O Is spectrum after 90 
minutes sputtering.
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Figure 5.5: (a)V 2p XPS spectra o f Mg-27 wt% V alloy corroded for 9 hrs, recorded 
during Ar+ sputtering (30 minutes for each sputtering level); deconvolution o f V2p 
peaks after (b) 30 and (c) 60 minutes sputtering. Intensity o f metallic component
increasing with depth.
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Figure 5.6: XPS spectra o f Mg-17wt%V alloy immersed for 5 minutes in 3 wt% NaCl 
solution, (a) survey spectrum o f the outermost surface, (b) Mg KLL spectrum after 15 
minutes sputtering, (c) Mg Is spectrum during Ar+ sputtering, (d) V 2p spectrum during 
Ar+ sputtering, (e) deconvolution o f V 2p peak after 15 mins sputtering
(Channel Number)
Figure 5.7: RBS spectra o f Mg-V alloys after 7 days immersion in 3 wt% NaCl solution.
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Figure 5.8: (a) RBS spectra of Mg-V alloys immersed for 9hrs in 3 wt% NaCl solution,
(b) vanadium edge.
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Figure 5.9: RBS spectra o f Mg-V alloys immersed in 3 wt% NaCl solution for 5 
minutes (a) general spectra and (b) vanadium edge.
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Figure 5.10: Scanning electron micrographs o f Mg-V alloys corroded for 9 hrs in 3 wt% 
NaCl solution; (a) secondary electron image o f Mg-6 wt%V cross section showing 
cracks in the oxide scale, (b) backscattered electron image o f Mg-17 wt%V cross section 
showing compositional inhomogeneity, porosity and cracks in the scale, (c) secondary 
electron image o f Mg-17wt%V alloy cross section, showing pores interconnected by 
cracks along metal/oxide interface.
(a)
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(e)
Figure 5.11: (a) Secondary electron image o f the surface o f corroded Mg-17wt%V alloy 
showing non-uniform corrosion, cracks in the thick oxide area and polishing lines on the 
right hand side, (b) backscattered electron micrograph o f cross section o f Mg-17 wt%V 
alloy corroded for 9 hrs showing compositional non-uniformity, (c) vanadium (d) 
Magnesium and (e) oxygen dot maps o f the area shown in lib .
Figure 5.12: Backscattered electron micrographs o f corrosion products exfoliated from 
Mg-17wt% V alloy corroded for 7 days in 3 wt% NaCI solution showing non-corroded 
material (core) surrounded by corrosion products cracked transversely.
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Figure 5.13: Auger and EDX elemental maps o f the oxidised surface o f Mg-27 wt%V 
alloy. Oxidation occurred during grinding/polishing o f the surface.
Figure 5.14: Auger and EDX elemental maps o f the corroded surface o f Mg-17wt%V 
alloy after 1 minute immersion in 3 wt% NaCl solution.
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(b)
Figure 5.15: TEM micrographs o f corrosion products exfoliated from Mg-17 wt%V 
alloy, (a) BF image o f corrosion products and their EDX analysis spectrum together 
with the SADP, indicating presence o f MgO in a needle form and (b) higher 
magnification electron micrograph and SADP of diffracted MgO crystallites. Rings: no 
1: MgO 111, no 2: MgO 200, no 3: MgO 220, no 4: MgO 222, no 5: MgO 400, no 6: 
MgO 420, no 7: MgO 422.
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Figure 5.16: TEM BF image and EDX spectrum of analysis o f a V-rich area in 
exfoliated corrosion products o f Mg-17wt%V alloy. SADP suggests existence o f 
Mg0.V20 4 and Mg(OH)2. Rings: no 1 (inner): Mg0.V20 4 100, 020, no 2: Mg(OH)2 100 
and M g0.V20 4 004, no 3: Mg(OH)2 100, 101 and Mg0.V20 4 024, no 4: Mg(OH)2 102 
and Mg0.V20 4 134, 006, 200, 004, no 5: Mg(OH)2 110 and Mg0.V20 4 223, no 6 
(outer): Mg(OH)2 111 and M g0.V20 4 063.
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Figure 5.17: Possible mechanism for formation o f V-rich regions within the corrosion 
products o f the high V content Mg-V vapour deposited alloys.
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(a)
(b)
Figure 5.18: Backscattered electron micrographs o f cross sections o f Mg-27 wt%V alloy 
corroded for 9 hrs in 3 wt% NaCI solution
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CHAPTER 6 
A STUDY OF CHARGE TRANSFER IN Mg-V ALLOYS VIA 
CHANGES IN AUGER PARAMETER
6.1 INTRODUCTION
Magnesium and V do not satisfy the Hume-Rothery atomic size rule for solid solution 
formation due to their atomic size difference being greater than 15% (the atomic sizes o f 
Mg and V being 0.16 nm and 0.135 nm respectively). In chapter 4 it was shown that the 
solubility limitation can be overcome by using PVD as a processing route due to the 
extremely high cooling rates which are characteristic o f the method. Although 
improvement in Mg corrosion behaviour was not achieved (chapter 5), alloying Mg with 
V via PVD offered an excellent opportunity to bring together Mg and V atoms in a 
crystalline solid and thus investigate the electronic changes that take place.
The crystal structure o f the Mg-V alloys produced by PVD is hexagonal close packed 
(HCP). The a and c lattice parameters and the c/a ratio were found to decrease with 
increasing V content (chapter 4). The decrease in a and c values is evidence for 
substitutional alloying o f Mg with V, while the decrease o f the c/a ratio is an indication 
o f the dependence o f Mg lattice spacing on the solute valence [Raynor 1959]. The 
alloys were also found to have a columnar microstructure with Mg oxide decorating the 
grain boundaries (see §4.2.1), which necessitated deconvolution o f the surface sensitive 
Mg Is photoelectron line as will be described later in this chapter.
The argument o f crystal structure stabilisation by charge transfer between the 
participating atoms is [Zewail 1992]. An indication o f the extent to which
electron transfer occurs between two components can be given by their electronegativity 
difference. When the difference is large, electron transfer can potentially occur. 
According to the Hume-Rothery rules [Smallman et al 1988, Hume-Rothery 1966] the 
increasing electronegativity difference between two metals would act to oppose the 
formation o f terminal solid solutions and to promote the formation o f intermediate 
phases or intermetallic compounds. However, the previous argument should be treated
1 1 2
Chapter 6 Mg-V Charge Transfer
with care since there are cases, such as the Au-Zn system, in which, despite the 
significant difference in electronegativities (0.8 units), terminal solid solubility is not 
prevented but rather it is encouraged. Magnesium and V have not been reported to form 
any compounds (see also §2.4). This fact in combination with their extremely limited 
solid solubility even under rapid solidification conditions make the Mg-V system an 
interesting case to quantify the extent to which electron transfer might occur. Such a 
quantification can be achieved by the use o f the Auger parameter (see also §3.3.8.1) and 
its variation over a wide range in composition in which the crystal structure o f the alloy 
is essentially unchanged.
6.1.1 THE AUGER PARAMETER
The great advantage o f the Auger parameter concept, which was initially described by
Wagner [Wagner 1975, Wagner and Joshi 1988] as the difference in kinetic energy
between an Auger and a photoelectron line, is that static charge corrections are 
cancelled. In order to cancel dependence o f the Auger parameter on primary radiation, 
the modified Auger parameter, a*, has been defined by Gaarenstroom and Winograd 
[Gaarenstroom and Winograd 1977] as follows:
a  “  Ek Auger " Ekpg + hv (6.1) or
a  = EkAuger - (hv - E ^ ) + hv (6.2) or
a  =  E k  Auger +  Eb pE (6-3)
where E j, Auger E k  PE are the kinetic energies o f the Auger electron and the 
photoelectron respectively and E ^  is the binding energy o f the photoelectron.
Changes in the modified Auger parameter (Aa*) have been used as an empirical tool to 
characterise chemical states, as they have the advantage o f removing static charging or 
energy referencing problems, and also to calculate extra-atomic relaxation energies 
[Wagner 1975].
The modified Auger parameter, a+, is known as the final state Auger parameter and its 
change Aa* is approximately equal to twice the change in extra-atomic relaxation energy 
Rcea between two environments for a single-hole state (as in photoelectron production)
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A a= 2A R eea (6.4)
and half the change in IQ63 for a two-hole state (as in Auger electron production) 
[Wagner 1975, Gaarenstroom and Winograd 1977, Riviere et al 1989, Weightman et al 
1995, Weightman 1982, 1995, Cole et al 1995a,b, Thomas 1980] (see also Appendix 
2).
However, from a metallurgical point o f view the significance o f the Auger parameter 
changes lies in the detection o f possible charge transfer during alloying. The following 
section outlines the approach that is generally adopted to study charge transfer in metal 
alloys, developed by Thomas and Weightman [Thomas 1980, Thomas and Weightman 
1986].
6.1.2 ESTIMATION OF CHARGE TRANSFER BY AUGER PARAMETER 
SHIFT
According to a simple form o f the potential model, the potential (V) experienced by a 
core electron is related to the atomic charge by [Thomas 1980]:
V = C + kq + U (6.5)
In equation (6.5) C represents the contribution from the core o f the atom (nucleus and 
core electrons) and is considered to be independent o f the atomic environment. The 
quantity k is the change in core potential per valence electron removed, and q is the 
valence charge. U expresses contributions to the core potential from the charge 
distribution in the surrounding atomic environment.
Based on the work o f Thomas [Thomas 1980], Thomas and Weightman developed a 
model which expresses the final state Auger parameter shift, Aa*, between a pure metal 
and a binary alloy as follows [Thomas and Weightman 1986]
Aa = A[q(dk/dN)+(k-2dk/dN)(dq/dN)+dU/dN] (6.6)
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where q, k and U are the same as in equation (6.5) and N is the occupation number o f 
core orbitals. The derivation o f equation (6.6) assumes that k and q depend linearly on 
the occupancy o f core orbitals N. The first term in the brackets represents the relaxation 
contribution from shrinkage o f the occupied valence orbitals during core hole 
production. Since dk/dN is negative, the relaxation will increase or decrease depending 
on the valence charge. The second term represents the contribution from transfer o f 
screening charge from the surroundings to the core-ionised atom and the third term 
denotes the effect o f the polarisation o f the surroundings by the core-hole.
It should be noted that when more than one valence orbital is involved in the bonding 
then equation (6.6) should be expanded into its general form
Aa = AEi[qi(dki/dN)+(ki-2dki/dN)(dqi/dN)]+AdU/dN (6.7)
where i refers to the various valence orbitals.
It has been shown [Thomas and Weightman 1986] that in the case o f s and d partially 
occupied orbitals such as in transition metals, equation (6.7) can take the form
Aa* =Ax(kd-ks-dkd/dN+dk^dN)-Au(kd-ks-2dkd/dN+2dks/dN)+Aq(dks/dN) (6.8)
where Ax refers to the difference in d charge between the metal and the alloy and Au is 
the difference in d screening following ionisation.
The analysis o f the Auger parameter shifts in terms o f equations (6.6) and (6.7) requires 
values for the parameters k and dk/dN. Thomas and Weightman have discussed how 
values for the above parameters can be obtained from atomic structure calculations 
[Thomas and Weightman 1986]. It should be mentioned here that there is a difficulty in 
determining accurate values for k and dk/dN in the solid state due to the effects o f 
compression o f the free atom valence wavefunctions (note that k is o f the order o f the 
reciprocal valence radius l/rv) [Cole et al 1995b]. hi metals the second and third terms 
o f equations (6.6) and (6.7) can be ignored. This is because dq/dN is equal to one since
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exactly one screening electron is attracted from the conduction band (i.e. perfect 
screening is assumed, therefore Adq/dN=0) and in conductors the polarisation o f the 
surroundings is zero. However, when more than one partially occupied valence orbitals 
are involved the second term cannot be ignored and equation (6.8) has to be used.
A critique o f this approach to the charge transfer problem has recognised its importance 
but also pointed out some limitations [Walker et al 1994]. These include the possible 
lack o f validity o f the linear screening assumption, the arbitrary distinction o f the 
observed effects into three distinct processes and the non-consideration o f possible 
dipolar effects in the assumption that the environmental potential is proportional to the 
atomic charge. Recent work has shown [Jackson et al 1995, Cole et al 1994] that there 
are significant non-linear terms in the potential but these are o f the order o f -  10% and 
will not significantly affect the conclusions o f this study.
Below the possible charge transfer in alloying Mg with V is quantified using the 
modified Auger parameter given by equation (6.3) and is analysed using the approach o f 
Thomas and Weightman.
6.2 RESULTS
Figure 6.1 shows a survey spectrum from the Mg-2.95at%V alloy illustrating the main 
features. The Mg Is peak is shown in Figure 6.2a with the metallic and the oxide 
components deconvoluted. As mentioned above the small election inelastic mean free 
path (X) o f the Mg Is photoelectron, which is ~ 0.5 nm [Seah and Dench 1979], makes 
its photoelectron line veiy sensitive to small amounts o f oxygen. The multiplet structure 
o f the Mg KL2 3L2 3 Auger line is illustrated in Figure 6.2b. The intensity o f this line 
gives an excellent indication o f the presence o f oxide in the surface since the metallic 
and oxide components are well separated. The V 2p3/2 and 2p1/2 doublet is shown in 
figure 6.3a, while figure 6.3b shows the V L3M23M45 line. As the electron inelastic 
mean free path in XPS is shown to vary roughly as the square root o f the kinetic energy, 
there is a change in the characteristic analysis depth (3A, cos 0) across the energy range 
o f a typical XPS spectrum. In the case of the Mg Is and V 2p photoelectrons the 
difference in X is around a factor o f two. This means that the presence o f a thin oxide
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layer will have a disproportionate effect on the intensity o f the metallic component o f 
the Mg Is line. In the quantification o f XPS spectra there is always the tacit assumption 
that the sample under investigation is homogeneous within the XPS analysis depth, 
although this is seldom the case, and various experimental and numerical methods can 
be employed to circumvent this difficulty. However, in this work, the experimental data 
has been related to the bulk composition o f the alloys, rather than any corrected nominal 
surface composition.
The measured binding and kinetic energies o f the photoelectron lines and the Auger 
peaks are shown in table 6.1. It should be mentioned that, due to the low V content, the 
low signal to noise ratio o f the V photoelectron and Auger peaks in the spectra taken 
from the Mg-0.48at% V alloy did not allow for the V Auger parameter o f this alloy to 
be accurately determined.
Table 6.2 shows the shifts in binding (AEQ and kinetic (AEQ energy and Auger 
parameter (Aa*) for Mg and V between pure metal and alloyed (Mg-8.9 at% V) states. 
Equation (6.3) was used for the Auger parameter measurements. Accuracy o f 
measurements was ± 0.14 eV.
Table 6.1: Mg and V core level binding and Auger energies over a compositional 
range in Mg-V alloys produced by PVD. Values for pure V are from literature 
[Wagner et al, ref. 79-12 in Briggs and Seah 1990].
Alloy
(wt%V)
Alloy
(at%V)
Mg Is 
(eV)
MgKL23L2)3
(eV)
V  2P2/3 
(eV)
v l 3m 2i3m 4>5
(eV)
Pure M g Pure Mg 1303.40 1185.10 - -
M g -lV Mg-0.48V 1303.40 1185.10 - -
M g-6V M g-2.95V 1303.30 1185.10 512.50 471.80
M g-17V M g-8.9V 1303.00 1185.10 512.30 472.10
Pure V Pure V - - 512T5* 472.00*
* Lite ra tu re  values
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Table 6.2. Changes in binding and kinetic energies and Auger parameters for Mg and 
V between metallic and alloyed states.
Alloy AEb(M g)
(eV)
AEb(V)
(eV)
AEk(Mg)
(eV)
AEk(V)
(eV)
Aa*(Mg)
(eV)
Aa* (V) 
(eV)
Mg~8.9V -0.40 0.15 0.00 0.10 -0.40 +0.25
6.3 DISCUSSION
6.3.1 ESTIMATION OF CHARGE TRANSFER UPON ALLOYING
hi Mg metal the 3s and 3p bands overlap leading to a Ss’Sp1 valence electron 
configuration [Thomas and Weightman 1986, Jennison et al 1984]. Assuming that in 
the solid kg and kp are equal [Thomas and Weightman 1986] equation (6.8) becomes
Aa* = q(dk/dN) (6.9)
Since Aa* for Mg is negative (it is positive for V) and since dk/dN is also negative in 
both free atom and solid [Thomas and Weightman 1986], Aq in equation (6.9) will be 
positive, which indicates electron transfer from Mg to V. This is expected from the 
electronegativity difference between the two elements which is 0.4 units on the Pauling 
scale with Mg having the lower electronegativity value (1.2 units).
By using the actual Aa* and dk/dN values for Mg in equation (6.9) the charge transfer 
was calculated to be between 0.09 and 0.11 electrons (note that Aq in equation 6.9 is a 
dimensionless quantity since both Aa and dk/dN are given in eV). The higher value was 
obtained by using the dk/dN for free atoms and the lower by using the normalised 
dk/dN value. The latter is the product o f k7k with dk/dN [Thomas and Weightman 
1986], where k' and k are the values for the solid and free atom conditions respectively.
Since k is frequently equated [Thomas and Weightman 1986] to the reciprocal valence 
radius (1/r) and compression o f the valence band takes place when atoms are brought 
together in a solid, then k' > k. Table 6.3 summarises the k and dk/dN values used in 
our calculations.
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Table 6.3. The values for k and dk/dN used in the charge transfer calculations[Gregory 
et al 1993, Thomas and Weightman 1986].
Element k k' dk/dN dk/dN
(eV) (eV) (eV) (eV)
M g s-charge 8.84 11.39 -3.49 -4.50
V  s-charge 7.43 14.75 -2.19 -4.35
V  d-charge 14.96 15.20 -4.91 -4.99
At this point it should be added that in the calculations o f the k values for Mg and V 
[Gregory et al 1993, Thomas and Weightman 1986], k was equated to the difference in 
Koopmans energy o f the relevant core orbital between the neutral atom and the valence- 
ionised atom after evaluation o f the Koopmans energies with Diraclc-Fock calculations. 
This approach was considered to be appropriate since at least for the free atoms the 
orbital energies depend on the initial state potential rather than on final-state relaxation 
[Thomas and Weightman 1986]. The k' values were calculated [Gregoiy et al 1993, 
Thomas and Weightman 1986] from initially known Hartree-Fock wavefimctions and 
using a renormalization procedure in which compression o f the valence wavefimctions 
in the solid state environment is taken into account.
The dk/dN values were equated [Gregory et al 1993, Thomas and Weightman 1986] to
CL .c l
the difference between the value o f k for/neutial atom and the k value for/core-ionised
atom using the equivalent-cores approximation [Thomas and Weightman 1986].
According to this methodology the k value for the core-ionised atom with atomic
number Z is equated to the k value for the atom with a missing valence election and
atomic number Z+l.
The Mg Auger lines used, indisputably, involve core levels and so they satisfy the 
assumptions on which the model described in section 6.1.2 is based. However, the V 
L3M2 3M4 5 transition involves the d band, therefore, strictly speaking it does not satisfy 
the analysis. Moreover, the position o f this V Auger line will depend not only on the
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local d density o f states but also upon changes in the local on-site conduction electron- 
conduction electron Coulomb interaction.
Bearing in mind the above mentioned reservations, the amount o f charge transfer to or 
from the V 3d orbitals can be calculated by using equation (6.8) together with the 
calculated Aq and the Aa* (alloy-pure metal) values for V. For the calculation o f the d 
charge transfer it was assumed that the difference in d screening following core 
ionisation (Au) is equal to the difference in d charge (Ax), since it is expected that the 
screening charge would first occupy the d and then the s-orbital [Thomas and 
Weightman 1986], Thus equation (6.8) becomes
Aa*=Ax(dkd/dN-dk/dN)+Aq(dks/dN) (6.10)
Substituting for the dk/dN values [Gregory et al 1993] for V and using the previously 
calculated Aq, we obtain the change in charge, Ax, for the V 3d orbitals as 0 < Ax < 
0.22.
The positive change in charge indicates electron donation from the V 3d band. At a first 
sight this is a surprising result, since Mg appears to donate electrons which would be 
expected to increase the occupancy o f the d band. However, one could make the 
following comments. The analysis o f the potential model has not yet been extended 
properly to transition metals. The presence o f two open shells complicates the definition 
o f electronegativity. As a result, it is quite possible to have two electronegativity values, 
one for d changes and another for s changes. In the context o f the previous assumption, 
differences in relative d and s occupation on the V sites in different materials are very 
possible. Thus, on-site d to s charge transfer upon alloying could mask the effects o f 
charge transfer to or from V. The d band width is expected to be proportional to the 
number o f V neighbours around a V site. Since in a Mg-V alloy this number will be 
reduced, the V d band will narrow dramatically and the d count on V would be higher in 
the Mg-V alloy than in pure V. However, although the d count increases, the net charge 
on V  should either decrease or increase due to opposite changes in the s charge, which 
could be either greater or less than the d change. These d to s changes on the V site 
could be considered as being responsible for the inconsistency between the V and Mg
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results. Moreover, it is believed that widening and subsequent delocalisation o f the d- 
band in transition metals could enhance core hole screening phenomena [Matthew 
1997]. Therefore the possible 3d to 4s charge transfer in the V atom results in a 
widening o f the 3d band. Since the 3d band becomes delocalised it adds an extra 
contribution to the screening o f the V hole in the Mg-V alloy.
In addition, it should be mentioned that according to the screening energy calculations
performed for the transition metals from Ti through Ni [Watson et al 1976], the
screening from d-electrons is no more effective than that from non-d electrons and that
is in conjunction with their change in electronic configuration from 3dn4s2 for free atoms
to 3dn,14s for solid metals. Therefore, one should not necessarily expect that any
additional extra-atomic charge, such as that derived from Mg in this case, would arrive
at the V 3d band, since the s-type screening energy has been found [Watson et al 1976]
to be slightly higher than the d-screening energy for V. The uncertainty about tire s or d
character o f the core hole screening charge in V complicates the argument for the
existence o f two electronegativity values. However, the assumption o f d screening is
more sensible due to the more localised nature o f the d wavefimctions. In addition, this
possibility is supported by an equivalent core argument. Vanadium has a 3d34s2
configuration and it is followed by Cr in the periodic table which has a 3d54s[
configuration, Which means that a core hole in V is more likely to be screened by a d
\\
valence electron than by a/s one.
Furthermore, the change in V Auger parameter (Aa*=0.25 eV) is close to the error limits 
(±0.14 eV) and this might be also responsible for the complications in the interpretation 
o f the calculated Ax values. The Ax values are very sensitive to Aa*, since for a slightly 
higher Aa* value, e.g. 0.4 eV, Ax becomes negative. Moreover, the V 4s values for k 
and dk/dN are very different from the normalised k' and dkVdN values. Thus, any 
possible error in the estimation o f Aa* could be magnified in the calculation o f the Ax 
values.
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6.3.2 ELECTRON TRANSFER AND VARIATIONS IN Mg LATTICE 
PARAMETERS
Electron transfer from Mg to V atoms strengthens the argument for the dependence o f 
the Mg lattice parameter on solute valence [Raynor 1959]. According to this argument, 
the completed first Brillouin zone o f the Mg crystal is overlapped at two electrons per 
atom in directions perpendicular to the c-axis o f the hexagonal lattice. The overlapped 
electrons lie beyond the planes o f the reciprocal lattice, which are parallel to the c-axis 
and cause an internal stress in the crystal which tends to expand the a-axis. The number 
o f valence electrons per atom increases when a solute of valence higher than that o f Mg 
is added to Mg. Thus the number o f electrons overlapping from the first Brillouin zone 
also increases and the phenomenon o f the a-axis expansion is enhanced. This explains 
the initial decrease o f the c/a ratio with increasing alloying addition in many Mg-alloys, 
Mg-V alloys being among them. However, a further increase o f the electron/atom ratio 
(i.e. a further expansion o f the Fermi surface) gives rise to an onset o f the overlap at 
directions parallel to the c-axis. This onset expands the c-axis and, since its expansion is 
bigger than that o f the a-axis, the c/a ratio increases. Electron transfer from Mg to V 
weakens the second overlap and cancels its effect on the c/a ratio. Moreover, if electron 
transfer from the V d-orbitals indicated by Ax is a reality, then the possibility for 
electron promotion and s-d hybridisation should not be excluded.
6.3.3 METALLURGICAL IMPORTANCE OF CHANGES IN THE AUGER 
PARAMETER
The metallurgical significance o f changes in the Auger parameter lies in the charge 
transfer taking place upon alloying. It could also be related to ordering or disordering o f 
the solid solution that is formed. Enhanced electron transfer may increase the ionicity o f 
the bonds and A-B type bonds could be preferably formed instead o f A-A or B-B bond 
types (where A and B denote the two types o f atoms in solid solution). In Mg-V solid 
solutions a tendency has been observed for clustering o f V atoms in the form o f pure V 
precipitates when the solid solubility was exceeded (see chapter 4). This observation 
together with the fact that Mg and V do not form any compounds lead to the conclusion 
that no significant charge transfer takes place between Mg and V atoms upon alloying.
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Most o f the systems which have been studied in terms o f Auger parameter shifts and 
their relation to charge transfer are characterised by the formation o f a series o f 
intermetallic compounds (or ordered phases). The estimated charge transfer from Mg to 
V (0.09<Aq<0.11) is less than the transfer measured in the Mg-Au system 
(0.15<Aq<0.19) [Weightman et al 1995, Thomas and Weightman 1986]. This is in 
accordance with the electronegativity difference (1.2 units) between Mg and Au being 
three times larger than that between Mg and V (0.4 units). Although solid
solubility in Mg-Au is not extended, the phase diagram o f the Mg-Au system [Massalski 
1990] is characterised by the existence o f line compounds (Mg2Au and Mg3Au) as well 
as the intermediate phase MgAu, which was the one studied for charge transfer. 
Reduced charge transfer, as compared to the Mg-Au system (0.10<Aq<0.13), was 
measured for the Au-Zn one [Weightman et al 1995, Thomas and Weightman 1986], but 
it is higher than the transfer in the Mg-V system. Again the direction and estimated 
amount o f transfer is in agreement with the electronegativities o f the elements (for the 
Au-Zn system AE=0.8 units). The composition o f the Zn-Au alloy studied was within 
the compositional range o f the intermediate phase 5 [Massalski 1990].
The estimated [Evans et al 1992] charge transfer between As and Si was 0.2 e' despite 
the small electronegativity difference between the two elements (0.2 units). According 
to the As-Si phase diagram [Massalski 1990], As and Si form the compounds SiAs and 
SiAs2. Strong tendency for formation o f intermetallic compounds also characterises the 
Al-Ni system [Massalski 1990]. The relatively small electronegativity difference o f the 
two elements (0.3 units) does not prevent considerable charge transfer which was found 
to be 0.37 e' for AlNi3 and 0.5 e' in Al3Ni [Kover et al 1996]. Also significant was the 
charge transfer found for PbTe (<0.3 e‘) [Waddington et al 1989], which is a line 
compound in the Pb-Te phase diagram [Massalski 1990]. Again the electronegativity 
difference (0.3 units) is not one o f the biggest observed for intermetallic compounds. 
Significantly high transfer (0.3 e") was observed in Cu-Hf alloys [Walker et al 1994]. 
The two alloys studied were related to a rather moderate electronegativity difference 
(AE=0.6 units). The Cu-Hf phase diagram [Massalski 1990] consists o f a series o f 
intermetallic compounds and limited terminal solid solubility. The relatively limited 
charge transfer in the Cu-Pd system (0.08 e') [Weightman et al 1995] might be related
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with the miscibihty o f the two elements over the entire compositional range [Massalski 
1990]. Thus the above data suggest that the tendency for ordering in alloys and the 
formation o f intermetallic phases are consistently related to charge transfer as quantified 
by Auger parameter shifts rather than to the traditional Pauling electronegativity values. 
First principle calculations (FPC) have shown that the concept o f electronegativity must 
be treated with great caution when dealing with metals and alloys [Pettifor and Cottrell 
1992]. Furthermore, data on Al-TM alloys with low TM concentration (<30at%) show 
a charge transfer from the conduction sp states to the d states on TM atoms that is less 
than 0.5 e/atom [Wegner and Steinemann 1974]. FPCs have also confirmed the 
experimental finding that the values o f CT in metallic systems are small [Pettifor and 
Cottrell 1992].
As an extension o f the Al Ka excited XPS study, Cr Kp excited XPS (hv=5946.7 eV) 
was used to probe the Is photoelectron level and the KLL Auger transitions o f 
vanadium (see also §3.3.8.2). This circumvented the problem o f using a "conventional" 
XPS source for the determination o f the V Auger parameter, i.e. acquisition o f non-CCC 
Auger transitions such as the L3M23M45 or low intensity CCC ones such as the 
L3M2 3M2 3. The Cr Kp source is now well established for high energy XPS [Morton et 
al 1997a] and the cross-section for high energy transitions such as the V is is 
exceptionally good. On the fluorine scale o f atomic sensitivity factors [Briggs and Seah 
1990] the V is level has a value o f 13 [Morton et al 1997b]. Oxidation o f the samples 
occurred because o f the high reactivity o f Mg metal in combination with the high 
acquisition times o f the spectra due to the poor flux o f the Cr Kp source. The V is  and 
KLL Cr Kp excited peaks for pure V and V in Mg-8.9V alloy are shown in figure 6.4. It 
seems that the V is peak is composed by both metallic and oxide components. The 
oxide component is absent from the Auger line since the V KLL is less surface sensitive 
(higher kinetic energy). The change o f the V Auger parameter between the alloyed and 
unalloyed state was equal to +0.28 eV, a value which is very close to the one obtained 
with Al Ka radiation (+0.25 eV). This result strengthens the arguments based on the V 
contribution to charge transfer, since the previous reservations due to the use o f a non- 
CCC V Auger line are now significantly weakened, and the Ax value obtains a higher 
credibility.
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6.4. CONCLUSIONS
The shift o f the Auger parameter for Mg and V between their pure and alloyed states 
shows that V in the presence o f a core hole is better screened in the alloy than in the 
elemental form, suggesting electron transfer from Mg to V. A charge transfer o f 
between 0.09 and 0.11 electrons was calculated using the approach o f Thomas and 
Weightman. The donation o f electrons from Mg to V is in agreement with the argument 
for the dependence o f the c/a ratio on solute valence. The relatively low value o f charge 
transfer is in accordance with the natural tendency o f Mg not to form intermetallic 
compounds with V. The assumption that the difference in d screening following core 
ionisation is equal to the difference in d charge leads to the conclusion o f electron 
transfer from the V 3d orbital and gives rise to a possible s-d hybridisation scenario. 
However, due to the use o f a non-CCC Auger transition for V and also due to the small 
change in V Auger parameter, Aa*, which is close to experimental error, the Ax values 
should be treated with care. The reservations about the credibility o f the value o f V 
charge transfer contribution, due to the use o f the non C-C-C V Auger transition 
L3M2)3M4 5, were reduced after the use o f the C-C-C V KLL one which was acquired 
using Cr Kp radiation. The V Auger parameter derived from the V Is and V KLL peaks 
gave again the same value o f charge transfer. Ordering or disordering o f solid solutions 
could be studied using charge transfer, which can be quantitatively estimated using 
Auger parameter changes. The results seem to be more consistent as compared to the 
traditionally used differences in Pauling electronegativity values.
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200 400 600 800
Binding Energy (eV )
1000 1200
Figure 6.1. Typical survey spectrum o f the alloys studied showing main photoelectron 
and Auger peaks. Spectrum corresponds to the Mg-2.95 at% V alloy.
-Binding Energy (eV)
(a)
Kinetic Energy (eV)
(b)
Figure 6.2. (a) Deconvoluted metallic and oxide components o f Mg Is photoelectron 
peak, (b) Mg KLL Auger peak showing well separated metallic and oxide 
components. Spectra o f Mg-8.9 at% V alloy.
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Binding Energy (eV) 
(a)
Kinetic Energy'(eV)
(b)
Figure 6.3. Photoelectron and Auger peaks o f Mg-8.9 at%V alloy, (a) V 2p 
photoelectron doublet, (b) V L3 M23M45 Auger peak.
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(C)
(d)
Figure 6.4. Cr Kp excited photoelectron and Auger peaks, (a) V is for pure V, (b) V 
KLL for pure V, (c) V is for Mg-8.9V and (d) V KLL for Mg-8.9V.
129
Chapter 7 Me-Zr Allovs
CHAPTER 7 
CHARACTERISATION OF Mg-Zr ALLOYS
7.1 INTRODUCTION
Mg-Zr alloys with the compositions given in Table 3.1 were processed as discussed in 
section 3.2. These alloys were characterised using the techniques described in section 
3.3. This chapter discussed the bulk and surface microstructure o f the PVD Mg-Zr 
alloys.
7.2 RESULTS
7.2.1 STUDY OF BULK STRUCTURES
The SEM backscattered micrographs in figures 7.1 to. 7.3 show the microstractures o f all 
the PVD Mg-Zr alloys. The cross thickness sections o f the deposits exhibited typical 
columnar PVD microstructures [Bagnall et al 1997, Baliga et al 1997, Dodd and 
Gardiner 1997, Bray 1990, Bunshah 1982] with grain boundary porosity, bands o f 
varying composition, cone shaped colonies o f grains and embedded particles such as the 
pure Zr particle shown in figure 7.3d. The difference in Zr content o f the compositional 
bands, was found to vary from ± 2wt% (figs 7.2b, 7.3b) up to ± 12 wt% in some o f the 
deposits with nominal composition 10.6 wt%Zr (fig. 7.3b,e). The values o f Zr content 
in Table 7.1 refer to a large area analysis containing several bands.
The presence o f cracks was enhanced especially along the weak grain boundaries and 
along the PVD surface defects as shown in figure 7.4. These defects were observed in 
the microstractures o f the Mg-V alloys (see chapter 4) as well as in other PVD Mg 
alloys [Bray 1990] and their origin is the intersection o f tapered crystallites (cone shape 
PVD defects) with the top surface o f the deposits.
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Mean
composition
(wt%Zr)
Lattice parameters 
(nm) Grain size Hardness
(VHN)
Solid
solution
break
upT
(K)
Density
(gr’/cm3)
a c c/a
0 0.3208*
0.3209±10‘ 4
0.5209* 
0.5211110*4
1.624*
1.624
- 1.74*
1.47
2 .0 "
0.97±0.5+
0.3212±10"4 0.5207±10 ^ 1.621 2-6 42.9 ±1.1 - 1.69
8.6**
9.83±0.8+
0.3212±10*4 0.5197±10 A 1.618 0.2-3 60.0 ±6.3 574.4 1.78
10.6**
9.71±2.3+
0.3213±10 A 0.5197±10 ^ 1.617 0.2-3 58.1 ±1.9 560.5 1.81
* Literature values
** Nominal composition
+ Measured composition (EPMA)
The TEM images in figures 7.5a to d and figure 7.5f were taken from sections o f the 
Mg-2.0 wt% Zr, Mg-8.6wt%Zr and Mg-10.6wt% Zr alloys parallel to the collector and 
show existence o f porosity and a high dislocation density as was the case in Mg-V 
alloys (see §4.3). As shown by the diffraction pattern in the inset o f figure 5e, the 
electron beam direction was slightly tilted off the [0001] zone axis in order to allow 
observation o f dislocations. Dislocations were also observed using the weak beam 
technique in the two beam condition, as shown by the inset in figure 7.5f. The presence 
o f MgO and m-Zr02 between the columnar grains o f the alloys is indicated by the 
SADP in figure 7.5g which is also representative o f the lower Zr content alloys. Table
7.2 gives the measured d-spacings corresponding to the numbered rings in the 
diffraction pattern as well as the d-values for Mg, MgO and m-Zr02.
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Table 7.2: Measured and literature d-spacing values for Mg, MgO and m-Zr02
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Ring
No
flexp
(A)
Mg MgO m -Zr02
1 2.82
d(A) Intensity h k l d(A) Intensity h k l d(A ) Intensity h k l
2.78 m 100 2.84 s 111
2.45 vs 101 2.43 w 111 2.5 vw -102
2 2.18 2.11 vs 200 2.19
2.18
vw
vw
102
-121
3 1.62 1.60 w 110 1.65
1.64
1.61
m
vw
vw
-113
-130
212,-310
4 1.5 1.47 w 103 1.49 s 220 1.51
1.49
vw
vw
113
-213
5 1.42 1.39 V W 200 1.43
1.42
vw
vw
-132
222,-320
6 1.06 1.05 vw 210 1.05 vw 400
7 0.96 0.97 vw 212 0.97 vw 331
vw = very weak, w = weak, m = medium, s = strong, vs = very strong
Figure 7.6a is a TEM bright field image o f a cross section o f the Mg-8.6 wt% Zr alloy 
taken perpendicular to the collector and figure 7.6b is an EELS oxygen compositional 
map o f the area illustrated in figure 7.6a. The EELS map shows the presence o f oxide 
between the columnar grains, as observed in the Mg-V alloys (see §4.2.1) and in other 
PVD Mg alloys [Baliga et al 1997]. The relatively short compositional range o f the 
alloys did not allow for an estimation to be made o f possible microstructural refinement 
with composition variation, like the Mg-V alloys. The combined refining effect o f 
alloying addition and Zr evaporation mode [Bunshah 1982] is demonstrated in figure
7.2 c where the Mg-rich band is coarser than the Zr-rich areas o f the deposit.
Figures 7.7 and 7.8 show respectively XRD data and pole figures o f the alloys studied. 
The data in figure 7.7 shows the existence o f Mg solid solutions up to 10.6 wt% Zr as 
well as presence o f MgO (fig. 7.7b,c). The pole figures in figure 7.8 indicate a basal 
texture o f the deposits, i.e. growth parallel to the hexagonal axis in agreement with the 
results for the Mg-V alloys and with previous studies [Bray 1990]. Slight deviations,
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such as in figures 7.8 a,b, where the poles are not exactly centred, were due to sample 
preparation (i.e., samples were not sectioned exactly parallel to the collector).
Figure 7.9 shows DSC data for the Mg-Zr alloys. The temperatures where the solid 
solution broke up were ~ 574 K for the Mg-8Zr and ~ 560 K for the Mg-lOZr as shown 
in figures 7.9b and 7.9c respectively. The peaks at higher temperatures were also 
observed in the Mg-V alloys and in other PVD Mg alloys and have been attributed to 
oxidation [Bray 1990]. The shift o f the solid solution break up temperature suggests 
that the thermal stability o f the deposits decreased with increasing Zr content. The solid 
solution break up temperature o f the alloy with the lowest Zr content (2.0 wt% Zr) could 
not be estimated due to the broadness o f the first peak in the DSC curves o f this alloy 
(figure 7.9a). This was attributed to the low Zr content and the possible overlap with 
oxidation peaks.
The lattice parameter, hardness, density and grain size values o f the alloys are given in 
table 7.1. The decrease o f the c/a ratio was mainly a result o f the slight decrease in c 
parameter with a remaining relatively constant, while the increase in hardness seemed to 
be a result o f grain refinement as the Zr content increased.
7.2.2 SURFACE AND NEAR SURFACE CHARACTERISATION
XPS spectra o f the surfaces o f the Mg-Zr alloys are shown in figures 7.10 to 7.15. 
Figure 7.10 shows survey scans o f the surfaces o f Mg-Zr alloys in the as- 
deposited/polished condition, and figure 7.11 shows Ols spectra o f the surface o f Mg-
2.01 wt% Zr alloy after sputtering for 6 minutes and 9 minutes (figs 7.11a and b 
respectively). The O Is spectra in figure 7.11 were representative for all alloys. The 
outermost surface was found to be covered only by Mg compounds according to the 
survey spectrum in figure 7.10a and the Zr3d and Mg KLL peaks recorded dining depth 
profile in figures 7.12 and 7.13 respectively. A shoulder at the higher binding energy 
side o f the O Is peak (figure 7,11), indicating the presence o f hydroxide, was enhanced 
at the outermost surface and depleted progressively with depth. The hydroxide 
component o f the O Is peak and the presence o f carbonate as a shoulder o f the C Is 
peak (as in Mg-V alloys, see chapter 4) suggest the formation o f hydromagnesite at the
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outermost surface, which depleted with depth to be replaced by Mg(OH)2 in excess o f 
MgO, the later (MgO) dominating at greater depths. This was also observed in the Mg- 
V alloys and in other Mg alloys [Baliga 1989].
In addition to the Mg compounds, small amounts o f Zr02 existed below the outermost 
layer, as shown in figures 7.12 and 7.14. Despite the poor Zr signal (possibly because o f 
the low Zr content in the alloy) deconvolution o f the Zr 4d peak showed a shift between 
Zr° and Zr4+ equal to 4.1 eV, which is in good agreement with the literature values 
[Moulder et al 1992, Tapping 1984, Nevedof 1984]. The spin-orbit splitting in Zr° 4d 
and Zr4+ 4d was found to be 2.4 and 2.5 eV respectively. These are close to the literature 
values o f 2.34 eV and 2.4 eV for Zr metal and 2.27 eV for the oxide [Moulder et al 
1992, Nevedof 1984, Tapping 1982]. Existence o f a Zr sub-oxide close to the
fe
metal/oxide interface is veiy likely (figs. 14b,c and/l5b). The separation o f the Zr° 4d 
and the Zr*+ 4d (x<4) was found to be 1.8 eV. It should be noted that the XPS evidence 
for the existence o f sub-oxide depends on peak deconvolution and the low signal to 
noise ratio o f the spectra increases the uncertainty for the existence o f the sub-oxide. 
The fact that Zr02 was detected even when the metallic components o f the peaks, such 
as that o f the Mg KLL shown in figures 7.13 and 7.15 and the Zr 4d in figures 7.12 and 
7.14b,c, were intense indicates possibly a graded metal-oxide interface with a Zr02- 
MgO mixture (Zr02 in excess o f MgO) existing between the grains. Zr02 was not 
detected in the surface o f the Mg-2.0 wt% Zr alloy.
Figure 7.16 shows depth distributions o f several elements present in the surface o f the 
Mg-8.6 wt%Zr and Mg-10 wt% Zr as-deposited/polished alloys. The results are based 
on XPS quantification during depth profile using the Wagner sensitivity factors for Mg 
Is (=3.5), O Is (=0.66), C Is (=0.25) and Zr 3d (=2.1). The depth scale has been 
derived from the etching period assuming an etching rate approximately equal to 1.2 
nm/min, which is the NPL standard for Ta^s on a Ta substrate for Ar ion etching at 6 
kV [Watts 1994].
The RBS spectra in figure 7.17 were taken from the as-deposited/polished surfaces o f 
the three Mg-Zr alloys. The width o f the oxygen edges in figure 7.17 shows no 
significant differences in the thickness o f the oxide formed in the surfaces o f the alloys.
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The thickness values given in Table 7.3 were estimated using the concept o f the 
stopping cross section factor [Chu et al 1978] (see also §3.3.9.2). The other significant 
feature o f the spectra is the depletion o f Zr in the outermost surface layer and its 
progressive enhancement with depth in die oxide film (fig. 7.18), which is in agreement 
with the XPS results (figs 7.12 and 7.16). Measurements o f the Mg/Zr ratios in the 
surface film were limited by the depth resolution due to the small amount o f Zr present 
in the surface. Therefore Mg/Zr values in the oxide are not included in Table 7.3.
Table 7.3 : Summary o f RBS results for the PVD Mg-Zr alloys
Alloy composition Mg/Zr ratio in alloy Mg/Zr ratio in oxide Oxide thickness 
(nm)
Nominal Actual*
2.0 wt% 
(0.5 at%)
0.25 at% 540 NA 10 ±  1.4 nm
8.6 wt% 
(2.44 at%)
2.0 at% 51 NA 12.7 ±  1.3 nm
10.6 wt% 
(3.07 at%)
1.1 at% 90.5 NA 9.8 ± 1 .6  nm
* Bulk composition o f the alloys measured by RBS 
NA: not available
7.3 DISCUSSION
7.3.1 THE MICROSTRUCTURE OF PVD Mg-Zr ALLOYS
On o f the most characteristic microstructural features o f the deposits was the presence o f 
tapered colonies o f elongated grains separated by porous grain boundaries. These 
features belong to Zone 1 o f the structure model o f Movchan and Denchishan [Bunshah 
1982] and were characteristic o f the microstructures o f the Mg-V alloys and o f other 
PVD Mg alloys studied previously [Bagnall et al 1997, Baliga et al 1997, Dodd and 
Gardiner 1997, Bray 1990]. Flake defects, such as die "V" shaped colonies o f grains 
(figures 7.3a to d), had their origin in pure Zr embedded particles (fig. 7.3d), which were
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small droplets ("spits") ejected from the molten pool [Bunshah 1982]. These are also 
common PVD defects [Bunshah 1982], which were also seen in the Mg-V alloys and 
have been reported before [Bray 1990].
The collector roughness is one o f the reasons responsible for the existence o f porosity in 
PVD deposits [Bunshah 1982]. Due to extremely high cooling rates the diffusion o f the 
arriving atoms is limited on the surface o f the collector and therefore vapour flux 
shadowing effects (due to surface roughness) cannot be overcome. The repetition o f the 
collector surface roughness through the thickness o f the deposits is shown in figure 7.3a. 
The repeated roughness and the subsequent shadowing o f the vapour flux could also be 
responsible for the formation o f the "V" shaped defects as shown in figure 7.3c, the 
flake defects generated by the accumulation o f pores which interrupted the continuous 
growth o f the deposit. Also the possibility o f defect formation because o f the removal 
o f embedded particles during metallographic preparation should not be excluded.
Another noticeable feature was the presence o f cracks through out the thickness o f the 
deposits, as shown in figures 7.3 and 7.4. These should be attributed to tensile thermal 
stresses, due to the high cooling rates employed [Bunshah 1982]. However, the Mg-Zr 
deposits were more cracked than the Mg-V and other PVD Mg alloys [Bray 1990] and it 
seems that the cracks followed paths along the porous grain boundaries. As shown in 
figure 7.6b, the grain boundaries o f the Mg-Zr deposits were decorated with oxide, 
which consisted o f monoclinic Zr02 co-existing with MgO (see figure 7.5g and Table 
7.2). It is known that Zr02 undergoes a “martensitic” transformation from the high 
temperature (above 1443 K) tetragonal (t-Zr02) to the low temperature monoclinic form 
(m-Zr02) and this transition is accompanied with a volume expansion [Stevens 1986, 
Parfenov et al 1969]. Transformation o f t-Zr02, which could have formed at high 
temperatures during deposition, to m-Zr02 and the subsequent volume expansion 
between the already loosely bound grains could thus be responsible for the enhanced 
cracking in the Mg-Zr vapour deposited alloys. Even TWcjW only m-Zr0 2 was detected 
by SADP, in the hypothetical case that t-Zr02 was precipitated as a metastable phase 
due to the high cooling rate and the presence o f MgO (MgO partially stabilises Zr02), t- 
Zr02 could be expected to transform to m-Zr02 under the presence o f tensile thermal
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stresses since compressive stresses can stabilise t-Zr02 at low temperatures [Codlewski 
1994].
The presence o f compositional banding across the thickness o f the deposits was another 
microstructural feature o f the vapour deposited alloys. This was observed in the Mg-V 
alloys as well as in other PVD Mg alloys [Baliga et al 1997, BagnaUet al 1997, Bray 
1990] and has been attributed to difficulties in controlling the evaporation rate o f the 
TM solute addition. The interception o f these bands with the surface during polishing 
explains the presence o f compositionally non-unifonn polished surfaces o f the deposits 
(figure 7.4), the latter affecting the con*osion behaviour o f the alloys as already 
discussed for the Mg-V alloys (see §5.3.2 and fig. 5.17) since preferential attack o f the 
corrosive media could occur at surface sites exhibiting different corrosion potentials due 
to their different composition.
The DSC results showed a decrease o f thermal stability with increasing alloying level, a 
tendency which was also observed in the Mg-V alloys and has been reported in other 
PVD Mg alloys [Bray 1990]. It should be noted that the break up o f the solid solutions 
o f the Mg-Zr deposits has not been confirmed by TEM or XRD. The DSC peaks in the 
temperature range 650-750 K have been attributed to Mg oxidation and in particular to a 
change o f the oxidation o f Mg from linear to parabolic [Bray 1990]. The broad peak at 
~398 K has been attributed to the relief o f stresses in the deposits [Bray 1990].
The increase in hardness o f the alloys with increased Zr content seemed to be a grain 
refinement effect [Bunshah 1982], even though a detailed investigation o f the grain size 
has not been carried out. The refinement could be attributed to the processing 
conditions (electron beam evaporation o f Zr) which could create a number o f Zr ions 
which would increase with increasing amount o f evaporated Zr. The Zr ions possess a 
higher kinetic energy leading to an increase o f the substrate temperature and thus 
enhanced surface diffusion. Higher diffusion rates could lead to an increased nucleation 
rate.
The small variation o f the a and c lattice parameters with increasing Zr content could be 
attributed to the similar atomic sizes o f Mg and Zr (1.6A for both Mg and Zr) [Ellis
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1986, King 1966, Carapella 1945]. The slight increase o f the a lattice parameter and the 
subsequent decrease o f the c/a ratio could be attributed to the onset o f the electronic 
overlap at the first Brillouin zone in a direction perpendicular to the c axis. The c lattice 
parameter did not appeal* to follow this behaviour. Although an onset o f the overlap at 
directions parallel to the c axis would be expected with increasing Zr content [Raynor 
1959], this did not seem to be the case. Electron transfer upon alloying as a result o f 
electronegativity difference between Mg and Zr and a decrease in the electron/atom ratio 
could be the reason for this kind o f behaviour. The decrease o f the c lattice parameter 
could also be an atomic size effect.
Magnesium and Zr have been reported as having similar atomic sizes but there is a 
controversy on the exact atomic size difference, since their size factor has been given as 
either positive (0.06%) [King 1966] indicating a bigger Zr atom, or negative (-1%) 
[Carapella 1945] showing a bigger Mg atomic size, or zero [Ellis 1986]. However, 
atomic size in a solid is a rather arbitrary concept. Elements do not have fixed atomic 
diameters since atomic sizes depend largely on the nature o f interatomic forces in the 
crystal lattice which contains them. Therefore, atoms may occupy different volumes 
under different circumstances. From the change in c lattice parameter, it would appear 
that Zr has a slightly smaller atomic size than Mg. The possibility o f the lattice 
parameters being affected by residual thermal tensile stresses developed in the deposits 
during deposition should be overruled since the lattice parameters measured for pure 
PVD Mg were found to be very close to the accepted literature values (Table 7.1).
The texture o f the deposits indicated a preferred growth orientation with the grains 
growing parallel to the c-axis. This was observed in the Mg-V alloys as well as in other 
PVD Mg alloys [Bagnall et al 1997, Bray 1990]. The Mg basal plane is a close packed 
plane and growth along a direction perpendicular to the basal plane would be slower 
than along other directions, thus growth along [0001] would be the determining one.
7.3.2 SURFACE AND NEAR SURFACE CONDITION
The significant result from the XPS studies was the presence o f Zr4+ species in the oxide 
film o f the as deposited/polished alloys. Despite the poor signal to noise ratio, which
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presumably was an effect o f the low Zr content o f the alloys, peak deconvolution gave 
peak position values which were very close to the literature ones. The formation o f Zr 
sub-oxide must be related to the oxidation mechanism of Zr. The inwards diffusion o f 
O2' and the outwards diffusion o f anionic vacancies requires the creation o f vacancies at 
the metal/oxide interface. The creation o f the vacancies may be achieved by oxygen 
diffusion into the bulk metal and subsequent creation o f Zr sub-oxide(s) at the interface 
[Kilo et al 1996, Dobler et al 1994, West and George 1987].
Zr02 was found to co-exist with Mg oxide/hydroxide, with the Mg species being in 
excess. The absence o f Zr02 in the surface o f the low Zr content alloy (Mg-2wt% Zr) 
must be a compositional effect. Zr02 formation is thermodynamically favourable as the 
Zr02 has a very negative free energy o f formation (-1028 kJ/ mole o f oxygen), which is 
close to the MgO free energy o f formation (-1138 kJ/mole o f oxygen). Since the Gibbs 
free energy o f the reaction MgO + lA Zr = Mg + XA Zr02 is only 48 kJ mole'1 [Davies et 
al 1995], it seems unlikely that Zr02 formed as a result o f MgO reduction by Zr.
Simultaneous formation o f the two oxides seems to be a reasonable assumption. Since a 
region depleted in Mg would be probably required, formation o f Zr02 would have taken 
place at surface or grain boundary areas intercepted by Zr-rich bands. The two oxides 
could also have formed at high temperatures during deposition, since small traces o f 
both MgO and Zr02 existed in the XPS spectra o f depth profiled surfaces together with 
the high intensity metallic peaks. In addition, the RBS spectra in figures 7.17 and 7.18 
and the XPS compositional profiles in figure 7.16 showed a graded metal/oxide 
interface indirectly indicating the presence o f oxide at the grain boundary regions. It 
should be noted that the depth scale shown in figure 7.16 may not be correct since the 
sputtering rate o f 1.2 nmsec'1 corresponds to T a ^  and not to MgO/Mg(OH)2 and/or 
Zr02. Further evidence for grain boundary oxide was provided by the EELS elemental 
map (fig. 7.6b) and presence o f m-Zr02 was indicated by SADP (figure 7.5g, Table 7.2). 
The fact that the outermost surface was covered by Mg compounds could be attributed 
to the size o f Mg24 (0.078 nm) which is smaller than the size o f Zr44 (0.087 nm) and 
therefore Mg cations could be more mobile and reach the surface faster than the Zr ones. 
The relative amounts o f the two elements in the alloy and thermodynamic stability o f 
the oxides also played an important role. Since Mg is the matrix element in the alloy
139
Chapter 7 Mg-Zr Allovs
and between the two oxides MgO is the most stable, the participation o f MgO in the 
oxide would be expected to be higher than the ZrOz one.
The presence o f zirconia polymorphs other than the monoclinic one has been ruled out 
and since both the solubilities o f MgO in m-Zr02 and Z i02 in MgO are very low (1 
mol% o f MgO in m-Zr02 at 1343 K) [Stubican 1988], or negligible [Grain 1966], MgO 
and Zr02 would be expected to co-exist in a mixture form. The fact that the Zr edge in 
the RBS spectrum o f the Mg-8.01 wt% Zr alloy yields at higher intensity than the Zr 
edge o f the Mg-10.6 wt% Zr (figures 7.17 and 7.18) must be a result o f the 
compositional banding.
The concept o f the modified Auger parameter (a*) (see chapter 6) was used to monitor 
the variation o f the oxidation state o f Mg in the surfaces o f the deposits. Two Auger 
parameter values were calculated, one for the Mg Is and the other for the Mg 2p peak. 
At the outermost surface these values were 2483.8 ±0.1 eV and 1230.4 ±0.1 eV 
respectively. These values are in good agreement with the literature values for Mg(OH)2 
[Briggs and Seah 1990]. At greater depth the calculated Auger parameters were 2484.5 
± eV and 1231.1 ± eV respectively, which are values corresponding to MgO [Briggs and 
Seah 1990]. This distribution o f the Mg oxidation states with depth is also in agreement 
with previous estimations o f the Mg oxidation state on the surfaces o f Mg alloys [Baliga 
1989, Baliga and Tsakiropoulos 1993].
Figure 7.19 below is a schematic distribution o f the oxides in die surface film which is 
based on the XPS and RBS results. It should be stressed that uniform distribution o f 
Zr02 in the surface film is not suggested. In addition, the continuity o f the surface film 
illustrated in figure 7.19 would be interrupted on a macro-scale by weakly boimd grains 
or colonies o f grains as well as the cracks present in the deposits. On a micro-scale 
disruptions o f the continuity o f the surface film (not shown in figure 7.19) could also 
occur due to microcracks developed during the transformation and subsequent volume 
expansion o f MgO to Mg(OH)2.
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7.4 CONCLUSIONS
The solid solubility o f Zr in Mg was extended up to approximately 10 wt% by PVD, 
An extension o f the solid solubility up to 20 wt% was observed locally in the 
inhomogeneous microstracture across the thickness o f the deposits. The thermal 
stability o f the deposits decreased with increasing Zr content. Grain boundary porosity 
and dislocations were dominant features o f the microstructures. Reduction o f the c/a 
ratio with increasing alloying content was a result o f the increase o f the a- and the 
decrease o f the c- lattice parameter o f the Mg hexagonal lattice. The deposits exhibited 
a growth direction parallel to the c-axis in agreement with earlier observations in PVD 
Mg alloys. Zirconium oxide, most probably m-Zr02 co-existed with MgO/Mg(OH)2 in 
the surface o f the as-deposited/polished alloys. MgO and Zr02 probably also co-existed 
between the columnar grains creating a graded metal/oxide interface.
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(b)
Figure 7.1: Backscattered electron images o f cross sections o f Mg-2wt%Zr alloy 
showing (a) cracks along grain boundaries and (b) compositional bands and porosity.
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(c)
Figure 7.2: Backscattered electron images o f cross sections o f Mg-8.6wt%Zr alloys 
showing (a) compositional bands and grain boundary porosity, (b) bands with different 
Zr content (2 wt% difference) and (c) almost pure Mg band (30-35 microns wide) 
characterised by porous and coarser microstructure.
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(e)
Figure 7.3: Backscattered electron micrographs o f cross sections o f Mg-10.6 wt% Zr 
alloys showing (a) Banding, porosity, cracks, cone shaped defects and repetition o f 
collector roughness (arrow shows growth direction), (b) Mg-rich (dark) and Zr-rich 
bands (13 wt% difference in Zr), (c), (d) cone shaped defects, (e) bands o f different Zr 
content, dark (1 lwt%Zr), grey (16 wt%Zr) and white (23 wt%Zr).
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001 1 20 . 0KU g- X200 100h*HI
Figure 7.4: Backscattered electron micrograph o f planar section o f Mg-10.6 wt% Zr 
alloy showing surface inhomogeneity, porosity and defects (micrograph representative 
for all Mg-Zr alloys).
(b)
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(g)
Figure 7.5: TEM micrographs o f sections parallel to the collector of, (a) Mg-2wt%Zr, 
(b) and (c) Mg-8.6wt%Zr, (d), (e) and (f) Mg-10.6 wt%Zr showing dislocations and 
porosity, (g) is a SADP o f Mg-10.6wt%Zr showing spots and rings which correspond to 
compounds presented in Table 7.2 (ring no 1 is the inner one and no 7 the outer).
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(b)
Figure 7.6: (a) TEM BF image o f cross section o f Mg-8.6wt%Zr alloy and (b) EELS 
oxygen elemental map of the area shown in (a).
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Figure 7.7: XRD data o f Mg-8.6wt% Zr alloy (representative for all alloys).
IwtlM lMl Urtrtln
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Figure 7.8: (002) pole figures o f (a) Mg-2wt%Zr, (b) Mg-8.6wt%Zr and (c) Mg-10.6 
wt% Zr alloys.
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Fig u re  7.9: D S C  data o f  M g -Z r alloys.
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Figure 7.10: XPS survey spectra o f Mg-Zr alloys (a) Mg-10wt%Zr outermost surface 
(representative for all alloys), (b) Mg-8.6wt%Zr after 3 mins sputtering (representative 
also for Mg-10.6wt%Zr), (c) Mg-10wt%Zr after 6 mins sputtering (representative also 
for Mg-8wt%Zr) and (d) Mg-2wt%Zr after 9 mins sputtering.
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F ig u re  7.11: O ls  X P S  spectra o f  the surface o f  M g -2 w t% Z r after sputtering fo r (a ) 6
m ins and (b ) 9 m ins.
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Binding Energy (eV)
Figure 7.12: Montage o f Zr 3d XPS spectra o f Mg-10.6wt%Zr recorded during depth 
profile. Spectra also representative for the Mg-8.6wt% alloy.
Kinetic Energy (eV)
Figure 7.13: Montage o f Mg KLL XPS spectra o f Mg-10.6wt%Zr recorded during depth 
profiling. Spectra representative for all alloys.
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Figure 7.14: Deconvoluted XPS Zr 3d spectra taken from the surface o f Mg-10.6wt%Zr 
after sputtering for (a) 3 min, (b) 6 mins and (c) 18 mins; a: Zr° 3d5/2, b:Zr sub-oxide 
3d5/2, c: Zr° 3d3/2, d: Zr sub-oxide 3d3/2, e: Zr02 3d5/2 and f: Zr02 3d3/2.
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Figure 7.15: Mg KLL XPS spectrum from the surface o f Mg-10wt%Zr after 15 mins 
sputtering.
Depth (nm)
(a)
Depth (nm)
(b)
Figure 7.16: Elemental distribution with depth in the surface o f (a) Mg-8.6wt%Zr and
(b) Mg-10.6wt%Zr based on XPS quantification.
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Figure 7.17: RBS spectra o f Mg-Zr alloys.
Figure 7.18: Zr edges in the RBS spectra shown in fig. 7.17.
Average 
oxide 
thickness 
~ 10 nm
Columnar grains
Hydromagnesite + contamination layer 
Mg(OH)2, MgO, Zr02 
MgO, Zr02, (Zr sub-oxide)
Figure 7.19: Suggested oxide distribution in the surface film o f Mg-Zr vapour 
deposited/polished alloys
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CHAPTER 8 
CHARACTERISATION OF CORROSION PRODUCTS FORMED 
ON Mg-Zr ALLOYS
8.1 INTRODUCTION
As discussed in chapters 1, 2 and 3 the development o f vapour deposited Mg-Zr alloys 
forms part o f an effort for the production o f corrosion resistant Mg alloys [Dodd and 
Gardiner 1997, Baliga et al 1997, Baldwin et al 1997, Bray 1990], The prime motive 
for the alloying design is to form alloys with extended solid solutions and/or to have a 
beneficial contribution o f the alloying addition in the formation o f a protective self 
healing corrosion film during exposure to saline environments [Bray 1990]. Selection 
o f Zr as an alloying addition to Mg was based on the largely negative free energy o f 
formation o f Zr02 (-1028 kJ per mole o f 0 2) and its relatively low solubility in water 
[Bray 1990]. The prospect o f the formation o f a spinel type o f oxide, which was the 
proposed reason for the improvement o f the corrosion performance o f RS Mg-Al with 
Al >10wt% [Baliga 1990, Baliga and Tsakiropoulos 1992], seemed less likely to 
occur due to the difference in ionic sizes between Zr (0.087 nm for valence +4) and Al 
(0.051 nm for valence +3), even though the requirement for the alloying addition to 
have a higher than +11 oxidation state is satisfied [Baliga and Tsakiropoulos 1992].
Zirconium owing to its low thermal-neutron absorption cross section, its good 
mechanical properties at room and elevated temperatures and its good corrosion 
resistance in most coolants, has been one o f the main construction materials in nuclear 
power engineering [Parfenov et al 1969]. Most o f the corrosion studies o f Zr and its 
alloys have been undertaken in water and steam at moderate to high temperatures and 
have indicated the existence o f two stages o f the corrosion process [Ramasubramanian 
and Balakrishman 1994, Billot et al 1994, Beie et al 1994, Dobler et al 1994, Parfenov 
et al 1969, Bassi et al 1962, Dalgaard 1962]. In the first “pre-transition” stage the 
metal is covered by a thin, black, protective and well adherent film and the oxidation 
state approaches an either parabolic, or cubic, or logarithmic form. At a certain limit
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o f oxide thickness the “breakaway” or “transition” stage is reached and an abrupt 
deterioration o f the corrosion resistance occurs. A grey or white oxide forms, spalling 
occurs and the oxidation kinetics are characterised by an almost linear law [Parfenov 
et al 1969]. Several theories have been put forward to explain the corrosion behaviour 
o f Zr in aqueous environments both at room and elevated temperatures. Their point o f 
convergence is that corrosion proceeds via an inward diffusion o f oxygen anions 
accompanied by an outward diffusion o f anion vacancies and electrons [Parfenov et 
al 1969]. The corrosion process has been reported to be related to the presence o f sub- 
oxide^) close to the metal oxide interface, which control the corrosion process by the 
creation o f an inwards moving metal-oxide interface via oxygen diffusion into the 
bulk metal [Dobler et al 1994, West and George 1987].
8.2 RESULTS
8.2.1 BULK CHARACTERISATION OF CORRODED ALLOYS
Figure 8.1 shows the Mg loss into the NaCl solution during the immersion tests. No 
significant differences in material loss were observed between the different alloys. A 
slight increase in Mg loss with increasing Zr content was observed for the alloys 
immersed for 9 hours and 4 days, but this trend was not followed for the longer 
immersion time (7 days). Figures 8.2 to 8.7 show SEM micrographs o f corroded 
samples as well as EDX/WDX elemental maps.
Corroded surfaces o f the alloys after 5 minutes immersion are shown in figures 8.2 a 
to c and 8.2g. It appears that corrosion was initiated along cracks and around surface 
defects which are typical features o f the microstructures o f PVD deposits (see 
chapters 4 and 7). From the backscattered images in figures 8.2 a to c and 8.2g and 
the Zr X-ray map in figure 8.2d the areas which appealed to be less oxidised were 
associated with Zr enrichment. The corroded surfaces in figure 8.3 are from the Mg- 
8wt%Zr alloy and are representative o f all alloys after 4 days exposure to the 
corrosive environment.
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The surfaces were more heavily oxidised near cracks and surface defects, some o f 
which had retained their round shapes (figure 8.3b) observed after shorter immersion 
times. In most cases corrosion products filled the cracks (figure 8.3a) indicating 
corrosive action along the crack. It was noticed again that the Zr-rich regions were 
less corroded, as indicated by the bright areas in the backscattered electron image in 
figure 8.3b. Lightly oxidised regions with round shapes (points B in figure 8.4a) 
interrupted the uniform coverage o f the surfaces o f the alloys with corrosion products 
even after 7 days immersion when local enrichment o f the surface (or near surface) 
with Zr seemed to inhibit corrosion and preferential attack occurred at the Mg-rich 
regions as shown in figure 8.4b. The polishing lines shown in the micrographs 
appeared to be intersected by the cracks, thus indicating that most o f the cracks 
originated from the substrate and hence were not specific features o f the coixosion 
products. This is also shown by the cross-sectional micrographs in figures 8.5, 8.6 
and 8.7. In these micrographs it is evident that the cracks in the corrosion scale, 
which were vertical to the substrate, were extensions o f the pre-existing substrate 
cracks. The corrosion scale also contains horizontal cracks in some regions, as 
indicated by the arrows in figures 8.5b and 8.5c. Sample preparation must have also 
introduced mechanical damage to the cracked scale as shown by the large gaps in the 
corrosion scale o f some alloys (figures 8.5c, 8.6a,c,e, 8.7a to d). Corrosion was more 
severe at regions where the substrate cracks reached the surface o f the deposits. This 
is shown in figures 8.7a and b (points A, B, C and points C, D, F respectively), in 
figure 8.6b as well as by the formation o f corrosion products within the substrate 
cracks (figure 8.5d). Significant features o f the corrosion scales, especially those 
formed on the surfaces o f the high Zr content alloys, were the repetition o f the 
compositionally banded structure o f the substrate, as shown in figures 8.6a,c,d,e and 
figures 8.7c and d, as well as the enhanced presence o f Zr relative to the bulk (Table
8.1 and figures 8.6f  and 8.7e). The scales were generally non-porous apart from the 
corrosion products formed inside cracks (figure 8.5d). Porosity was also present in 
the oxide scale as a result o f the repetition o f the substrate microstructure (figure 
8.6d).
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Table 8.1: Quantitative results o f EDX/WDX and RBS analyses o f the corrosion 
products o f PVD Mg-Zr alloys immersed for 9 hours and 5 minutes respectively in 3 
wt% NaCl.
Bulk composition (%  Zr) %  Zr 
in Oxide
Mg:Zr
in
oxide
Zr:Cl
in
oxide
Kroxide'ZraUoy Corrosion
rate
(mdd)**
Nominal Actual^
w t% at% w t% at% w t% at%
2.0 0.50 0.80 0.20 0.99 0.22
0.25*
107.70
98.8*
0.20 1.10
0.70’
2.42
8.60 2.44 8.10 2.30 10.80 2.62
2.0*
11.58
17.3*
5.82 1.14
0.77*
0.21
10.60 3.07 10.15 2.94 16.60 4.20
2.0*
5.45
12.25*
3.00 1.43
1.0*
# measured with EPMA (EDX)
* measured with RBS
** mils/dm/day
not measured
Figures 8.8 and 8.9 show TEM micrographs and selected area electron diffraction 
patterns o f corrosion products extracted from the surfaces o f corroded Mg-8.6 wt% Zr 
and Mg-10.6 wt% Zr alloys. The corrosion products shown in figure 8.8a were Mg- 
rich as indicated but the SADP in figure 8.8b and the SADP data in Table 8.2 below. 
They consisted mainly o f needles o f MgO as indicated by the bright field and dark 
field electron images in figures 8.8c and d respectively.
Figures 8.9a and b are BF electron images o f thick areas o f corrosion products 
enriched in Zr. The SADP in figure 8.9c shows MgO/Mg(OH)2 and an amorphous 
oxide. Presence o f crystalline magnesium oxide and hydroxide is indicated by the 
spots corresponding to (111), (200), (220) for MgO and (111) for Mg(OH)2, while the 
diffusive rings are attributed to the presence o f amorphous Zr oxide/hydroxide. These 
observations were representative o f all alloys but were more predominant in the 
higher Zr content alloys.
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Table 8.2: Measured d-spacing values from SADP in figure 8.8b compared with the 
literature values for MgO and Mg(OH)2.
dexp Mg(OH)2 MgO
Ring N o d(nm ) d (nm) Intensity hkl d(nm) Intensity hkl
1 0.2446 0.2365 vs 101 0.2431 w 111
2 0.2086 - 0.2106 vs 200
3 0.148 0.1494 m 111 0.1489 s 220
4 0.1223 0.1192 vw 004 0.1216 w 222
5 0.1043 0.1034 vw 203 0.1053 vw 400
6 0.0933 0.0945 vw 212 0.0941 m 420
7 0.0854 0.0864 vw 213 0.0860 m 422
vs = very strong intensity, s = strong, m = medium, w = weak, vw = very weak
The XRD data in figures 8.10 to 8.12 show absence o f Zr in the corroded samples. 
According to these figures the corrosion products formed on the surfaces o f the Mg-Zr 
alloys for both short (15 minutes) and long (4 and 7days) immersion times were MgO, 
Mg(OH)2 and a very small amount o f MgH2. However, there is a weak evidence for 
presence o f Zr02 among the corrosion products o f the heat treated alloy, as shown by 
the hump at around 30 degrees 2 0 in figure 8.12b. The corroded alloy was subjected 
to heat treatment (see §3.3.10) in order to clarify the nature o f the Zr corrosion 
products by achieving crystallisation o f the amorphous Zr hydroxide. Amorphous 
Zr(OH)4 is suspected to form among the bulk corrosion products as a result o f the 
corrosion process, as will be discussed in §8.3.2.2. The corrosion products had 
probably undergone a crystallisation process during heat treatment which resulted to 
some nanocrystallites being formed and gave rise to the observed hump. The 
reduction o f the amount o f Mg(OH)2 and the increase o f MgO after the heat treatment 
is also noticeable in figures 8.12a and b.
Figure 8.13 is a schematic diagram showing the effect o f the PVD defects on the 
initiation o f corrosion, as will be discussed in §8.3.2.1.
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8.2.2 SURFACE AND NEAR-SURFACE CHARACTERISATION OF THE 
CORRODED ALLOYS
Figures 8.14 to 8.17 show XPS survey spectra o f the Mg-8.6 wt% Zr alloy immersed 
in 3 wt% NaCI solution for 5 minutes and figures 8.18a and b show concentration 
profiles. The spectra are representative o f the results obtained from all alloys. Figure 
8.14a shows the XPS survey spectrum acquired from the outermost surface, while 
figures 8.14b and c show the spectra acquired deeper in the oxide scale after 60 and 
150 minutes Ar+ etching respectively. In all cases the Zr 3d peak was absent from the 
outermost surface but enhanced below it and throughout the oxide thickness. The Zr 
presence in the surface film was more enhanced in the higher Zr content alloys (Mg- 
8.6Zr and Mg-10.6Zr), as shown by the Zr edge in the RBS spectra in figure 8.19c. 
However, a depletion o f Zr at the outermost surface and a gradual increase with depth 
was observed for all the alloys. Quantitative RBS results are summarised in Table 
8.1.
The outermost surfaces o f the alloys corroded for 9 hours were covered by a thick (~ 
100 nm considering sputtering rate 1.2 nm/min) film o f Mg products (hydromagnesite 
and brucite) with the Zr content gradually increasing with depth below this thick 
outermost film (figure 8.18b). The compositional profiles shown in figure 8.18 were 
representative o f all alloys. They were based on XPS quantification using the Wagner 
sensitivity factors for Mg Is (=3.5), O ls  (=0.66), C Is (=0.25) and Zr 3d (=2.1).
Figures 8.15 and 8.16 show Mg KLL and O Is spectra acquired from different depth 
levels. The Mg KLL spectra indicate the presence o f oxide due to the well separated 
oxide and metallic components. The O Is spectra show the depletion o f hydroxide with 
depth where the oxide component dominates.
Figures 8.17a to f  show a gradual replacement o f Zr(OH)4 by Zr02 and a zirconium sub­
oxide as the metal-oxide interface was approached . During peak fitting the spin-orbit 
separation o f Zr metal was kept constant at 2.4 eV, while the spin-orbit separation o f 
the Zr oxide (Zr02) and sub-oxide was found to be 2.2 eV. The spin-orbit separation 
o f the Zr hydroxide existing in the outer layers o f the corrosion products below the
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outermost surface was 2.4 eV and was kept constant during peak fitting. These values 
for both Zr metal and oxides are very close to those reported in the literature [Dobler 
et al 1994, Moulder et al 1992, Nefedov 1984, Tapping 1982]. The metal-oxide 
chemical shift between Zr metal and zirconium oxide (Zr02) and sub-oxide was found 
to be 4.2 and 1.7 eV respectively. The value corresponding to the separation between 
Zr° and Zr02 is in good agreement with the literature values [Dobler et ah 1994, 
Moulder et al 1992, Nefedov 1984, Baba and Sasaki 1984, Tapping 1982] while the 
shift between Zr° and the sub-oxide is very close to values reported in previous studies 
on corrosion and oxidation o f Zr alloys [Kilo et al 1996, Dobler et al 1994, West and 
George 1987]. The shift between Zr° and the oxide component being present at a 
higher binding energy level than Zr02 (fig. 8.17) was found to be 5.6 eV, which is 
close or higher to the reported values for Zr compounds containing OH', H20 , Cl' and 
Br' species [Nevedov 1984], This large shift is attributed to the presence o f Zr 
hydroxide.
8.3 DISCUSSION
8.3.1 INFLUENCE OF THE SUBSTRATE CONDITION ON THE 
MECHANICAL STABILITY OF THE CORROSION SCALE
The oxide scale in all alloys was non porous and adherent to the substrate when the 
substrate condition was favourable. Porosity was observed in corrosion products 
formed inside substrate cracks and this was the result o f enhanced corrosion and H2 
evolution at these sites due to microgalvanic action between the substrate 
compositional bands, as will be discussed below. Vertical to the substrate cracks 
were also observed in the oxide formed in the prior substrate cracks (figures 8.5d) 
and these were also due to enhanced corrosion and material loss in these sites, 
resulting to a scale under tension. Vertical cracks induced by thermal stresses, weak 
grain boundaries, and cone shaped defects (tapered crystallites) were present in the 
Mg-Zr alloys. These defects are expected to decrease the mechanical stability o f the 
corrosion scale.
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The corrosion scale formed on the Mg-V alloys was highly cracked mainly in the 
vertical to the substrate direction. As shown in figures 8.3a and b and figures 8.4 to 
8.7, the cracks in the oxide scale which were vertical to the Mg-Zr substrate were 
mainly a continuation o f the substrate cracks or the weak grain boundaries . The 
round shaped cracks shown in figures 8.3a and b were the result o f the corrosion 
evolution along the PVD surface defects. The initial stage o f the corrosive attack at 
these sites is shown in figures 8.2a to c and figure 8.2g. These round cracks were not 
a result o f stresses in the scale but a continuation o f the substrate defects. The 
horizontal cracks observed in many cases are attributed to the weak grain boundaries 
and cone shaped defects rather than stresses existing in the corrosion scale. This is 
evident from the “U” shaped cracks in figures 8.5b and c the shape o f which is veiy 
similar to substrate defects such as those indicated as CSD (cone shaped defects) in 
figures 8.5b and 8.7a and b.
It could be argued that the existence o f horizontal cracks could be a result o f 
compressive stresses building up in the oxide followed by subsequent buckling o f the 
scale. The corrosion products, as mentioned above, were found to be Zr-rich. It is 
known that Zr02 has a Pilling-Bedworth ratio 1.6 [Parfenov et al 1969]. Therefore, it 
would be expected that an oxide scale enriched in Zr02 could be under compression. 
The possibility o f the Zr oxide being in an amorphous state, as mentioned above, 
does not support the argument for the development o f compressive stresses in the 
scale, since an amorphous/gelous oxide would spread evenly without creating misfit 
stresses at the metal/oxide interface.
8.3.2 NATURE OF CORROSION PRODUCTS AND POSSIBLE 
CORROSION MECHANISM
8.3.2.1 INTRODUCTION
The Mg loss into the NaCl solution (see figure 8.1) increased slightly with increasing 
Zr content in the alloys immersed for 9 hrs and 4 days, and was much lower than for 
the Mg-V alloys. The Mg loss o f the Mg-8.6wt% Zr alloy after 7 days immersion was 
higher than the other alloys immersed for the same period o f time. As discussed 
above, the substrate condition seriously affected the corrosion behaviour o f the
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deposits. Corrosion was easily initiated and propagated along the grain boundaries as 
well as along the places at which the tapered, cone shaped set o f crystallites 
intersected the surface (figures 8.2a,b,c,g). Coixosion products were readily formed 
along these defects and along the vertical substrate cracks (see figures 8.3a,b, 8.4a,b 
and 8.5d) and corrosion was accelerated at these sites as shown in figures 8.7a,b.
Although crevice corrosion at these areas must have played a role, microgalvanic 
action between the compositional bands along the crack length was probably the main 
corrosion mechanism. The compositional inhomogeneity was enhanced in the 
microstructures o f the higher Zr content alloys and these microgalvanic effects were 
responsible for the increase in Mg loss with increasing Zr content during the early 
stages o f the immersion tests. At longer immersion times these effects, although not 
negligible, became less severe since the oxide scale covered most o f the exposed 
surfaces. Hydrogen evolution at the cathodic sites was the main reason for porosity 
enhancement in the corrosion products formed inside the cracks. Indirect evidence for 
the progressive ceasing o f the microgalvanic action was the observation o f the 
decrease o f H2 evolution with time during the immersion o f samples.
The compositional variation across the thickness o f the deposits in combination with 
the polishing o f the samples prior to immersion gave rise to compositional 
inhomogeneity o f the surfaces o f the deposits similar to the Mg-V alloys. Therefore 
Mg-rich surface and near surface regions were preferentially attacked, as shown by 
the backscattered scanning electron images in figures 8.2b,c,g, 8.3b, 8.4b and the 
EDX/WDX maps in figures (8.2d,e,f). Figure 8.13 is a schematic diagram which 
illustrates the preferential attack o f the Mg-rich regions and the formation o f the round 
shape features on the surface o f the corroded Mg-2wt%Zr alloys shown in figure 8.4a. 
The origin o f these features was the compositionally non-uniform polished surface 
(plane AA in figure 8.13) in combination with the preferential attack o f the Mg-rich 
regions (non-sketched areas in figure 13).
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8.3.2.2 CORROSION MECHANISM OF Mg-Zr ALLOYS IN 3 wt% NaCl
As mentioned in §8.2.2, surface analysis (XPS) revealed two important pieces o f 
information about the oxidation state o f Zr in the surface film. The first was the 
presence o f an oxide component which was characterised by a shift o f the Zr 3d peak 
that is higher than the expected shift for Zr4+ species and close or higher to the 
reported ones for Zr compounds containing OH", H20 , Cl" and Br species [Nevedov 
1984]. Therefore Zr in the surface film o f the Mg-Zr alloys corroded in NaCl is 
probably associated with OH" species, H20  and possibly Cl" ions. The second piece o f 
information was that a shift o f the Zr 3d peaks to binding energies corresponding to 
oxidation states close to +IV (Zr02) and lower was observed close to the metal/oxide 
interface. Although it has not been confirmed with additional experiments (see §10.2 
below), the decrease in binding energy o f Zr species close to the metal-oxide interface 
could be attributed to the presence o f Zr sub-oxides rather than to an Ar+ sputtering 
effect.
The outermost surface o f the scale was covered by the Mg compounds Mg(OH)2 and 
hydromagnesite (figures 8.14a, 8.16a). Magnesium hydroxide forms at the surface 
even at low pH values. It is known that Mg(OH)2 film formation takes place via 
chemical precipitation according to the reaction
Mg24" + 2 OH = Mg(OH)2 (8.1)
Despite the fact that the thermodynamic stability o f Mg(OH)2 requires pH ~ 10.5, 
Mg(OH)2 may be present at lower pH values due to kinetics reasons. The dissolution 
kinetics o f Mg(OH)2 could be substantially slower than the kinetics o f formation 
[Song et al 1997]. Moreover, although the bulk pH value o f the solution could be less 
than 10.5, it is very likely that significant alkalisation occurred near the metallic 
surface during Mg dissolution, which led to the formation o f a surface layer o f 
MgO/Mg(OH)2 [Song et al 1997].
In some cases Zr containing species were present in the outermost surface layer (fig. 
8.18a). Since this observation did not vary systematically with alloy composition, or
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immersion time and since Zr enhancement or depletion at the outermost surface were 
observed in different samples o f the same alloy, any discrepancies could be attributed 
to the compositional inhomogeneity o f the deposits in the form o f bands. Enhanced 
Zr presence at the outermost surface was more likely to occur when a Zr-rich band 
was exposed to the corrosive solution. Depletion o f Zr at the outermost surface and 
progressive enrichment with depth occurred in the corrosion products formed at the 
early stages o f immersion. For longer immersion periods a significantly enhanced 
presence o f Zr in the bulk corrosion products was also noted. The Zr content o f the 
corrosion scale was at least at the same level as in the bulk alloy for the Mg-2.0wt% 
Zr alloy, or even higher for the Mg-8.6wt% Zr and Mg-10.6wt%Zr alloys.
SEM/EDX observations showed a repetition o f the substrate banded structure in the 
oxide scale (see figs. 8.6a,c,d,e and 8.7c,d) indicating an inwards corrosion process. 
XRD and TEM/SAED showed no evidence o f crystalline Zr compounds among the 
corrosion products. The microstructural observations and the XPS and RBS results 
suggest that it is very likely that Zr participated in the corrosion products in a 
hydroxide/hydrous oxide form containing Cl anions and it was in an amorphous or 
nanocrystalline form. According to the Pourbaix diagram for Zr (see fig. 2.15), the 
hydrated, white, amorphous oxide Zr02.2H20  or hydroxide Zr(OH)4 is the stable 
phase within a wide pH range from ~ 4 to ~ 13, which is the passivation area o f the 
potential-pH diagram for Zr [Pourbaix 1966]. Zr02.2H20  has a very negative 
chemical potential p°, which is equal to -1073.7 kJ.mof1 and also the lowest solubility 
in water among the Zr oxides/hydroxides which is 2 x 1CT8 mg ZrOz/l and occurs at 
pH~7 [Pourbaix 1966].
It is generally agreed that the corrosion and oxidation o f Zr and Zr alloys takes place 
via diffusion o f anionic vacancies to the oxide-eorrosion environment interface and 
subsequent inwards diffusion o f oxygen [Parfenov et al 1969]. Incorporation o f 
foreign ions with valence higher than the valence o f Zr+4 could potentially reduce the 
number o f anionic vacancies in the lattice o f the oxide and therefore the corrosion 
rate. Since Mg2+ has a valence lower than +4, improved corrosion protection via 
incorporation o f Mg ions in the Zr oxide is unlikely. The possibility o f a mixed Mg- 
Zr oxide formed, as was the case in RS Mg-Al (see §2.2.2 and 2.2.3) has been
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excluded due to differences in the ionic sizes between the Mg and Zr species and 
between Zr4+ and Al3+, as mentioned earlier in §8.1. In addition, neither experimental 
evidence for such a presence was found nor data for Mg-Zr mixed oxides is available 
in the literature. Therefore, theories based on incorporation o f foreign ions (e.g. Mg 
or Zr ) in parent oxide lattices (e.g. Zr or Mg oxide lattice respectively) and alteration 
o f the corrosion behaviour due to this have been considered as inappropriate for this 
work.
A possible mechanism o f the formation o f corrosion products on the surfaces o f Mg- 
Zr alloys should involve both the surface condition o f the alloys prior to immersion 
and the condition o f the corrosive environment, namely the species present and the pH 
o f the solution. The interaction o f the initially formed oxide with the corrosive 
environment can be explained, as in previous corrosion studies o f Mg alloys [Baliga 
1990], using the concept o f the isoelectric points o f solid oxides. The surfaces o f 
solid oxides in an aqueous environment are electrically charged. The pH value o f the 
solution which results in zero net charge in the surface o f the oxide is called the 
isoelectric point [Parks 1965]. The surfaces o f the as-deposited/polished deposits 
consisted o f an overlayer (hydromagnesite) covering a mixture o f Mg(OH)2, Zr02 in 
excess o f MgO. The initial pH value o f the NaCI solution was -  5.5 increasing to a 
value o f -  9.1 after approximately 1 hour. Carbonate ions (C 032*, HCOfr), carbon 
dioxide (C 02) and carbonic acid (H2C 03) are thermodynamically stable in aqueous 
solutions in the presence o f oxygen and oxidising agents [Pourbaix 1966], Therefore, 
it is not surprising that hydromagnesite was found to cover the outermost surfaces o f 
the corroded deposits.
The isoelectric points o f both MgO and Mg(OH)2 are 12.4 and 12 respectively [Parks 
1965]. These values are higher than the initial pH o f the solution which means that 
the surfaces o f both MgO and Mg(OH)2 were basic (i.e. electrically negative) 
compared to the solution. Therefore, MgO would hydrolyse to Mg(OH)2, and the 
latter can accommodate H20  in its structure.
There is some controversy about the isoelectric points o f Zr02. Synthetically 
produced Zr02 has been reported to have isoelectric points between 10-11 while
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naturally occurring Zr02 and hydrous Zr02 have been reported to have isoelectric 
points 4 and 6,7 respectively [Parks 1965], Hydrated zirconium oxide surfaces also 
have been reported to have an isoelectric point equal to 6 at room temperature 
decreasing to values between 5.3 and 4.7 in the temperature range 573 to 633 K 
[Ramasubramanian and Balakrishman 1994]. Assuming oxygen vacancies (n-type 
semiconductivity) in Zr02, it would be expected that the isoelectric point would shift 
to more basic values than the ones predicted for the stoichiometric oxide, due to 
stabilisation o f adsorbed H+ by mobile electrons [Parks 1965], On this basis, two 
scenarios can be considered. (1) The Zr02 oxide in the surface o f the alloys was basic 
to the solution and therefore Zr02 transformed to Zr(OH)4 by hydrolysis. (2) Zr02 
was acidic to the solution close to the interface (where sufficient alkalisation had 
occurred due to Mg(OH)2 formation and dissolution) and therefore the surface was 
neutralised by adsorption o f OH". It is suggested that the second option is more 
possible in the present study.
Acidic decomposition o f the Zr hydroxide could have taken place in the initial stages 
o f immersion when the pH value was still low. It has been suggested that the product 
o f the decomposition could be the reformation o f Zr02 [Ramasubramanian and 
Balakrishnam 1994]. Oxide growth then would proceed inwards by exchange 
between oxygen vacancies and oxygen anion and/or dissociated H20  molecules. XPS 
studies on surfaces o f Zr02 and Zr alloys exposed to both 0 2 and H20 , have shown 
that H20  is more effective than 0 2 in removing oxygen vacancies in Zr02 [Takeuchi et 
al 1995, Dobler et al 1994].
The proposed existence o f the sub-oxide close to the metal-oxide interface could be 
attributed to the formation o f anionic vacancies. Oxygen diffused into the metal 
leaving behind an oxygen depleted oxide at the metal-oxide interface. However, the 
stoichiometry o f the sub-oxides has not been estimated in this work. A  large number 
o f sub-oxides close to the metal-oxide interface, which are suggested to be related to 
corrosion or oxidation mechanisms o f Zr alloys, have been reported [Kilo et al 1996, 
Dobler et al 1994, West and George 1987]. The small shifts (~ 1-2 eV) from the 
metallic component have been attributed to lower oxidation states (Zr+1, Zr+2) [Kilo et 
al 1996] while even smaller shifts have been attributed to the presence o f a sub-oxide
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o f the form ZrxO where x>l [West and George 1987]. A metal / sub-oxide shift o f 1.5 
eV, which is very close to the value found in the present study, has been reported in 
an investigation o f the interaction o f zircaloy with water at room temperature [Dobler 
et al 1994].
Progressively as the pH rose to such a value that the zirconium oxide/hydroxide 
surface became acidic with respect to the solution, continuous adsorption o f OH" onto 
the surface led to the formation o f Zr(OH)4. This mechanism could explain the 
existence o f Zr hydroxide in the outer layer (below the outermost 
hydromagnesite/brucite) and the enhancement o f Zr02 or sub-stoichiometric Zr oxides 
deeper within the corrosion products.
The presence o f Cl in the corrosion products was confirmed by electron microscopy 
and RBS but not with XPS or XRD. In this work it is unlikely that Cl had, to a large 
extent, formed stable compounds with either Mg or Zr. It is suggested that Cl was 
incoiporated in the structure o f oxides/hydroxides as loosely bonded species which 
under the ultra high vacuum environment o f XPS were desorbed as Cl2. However, the 
enhanced presence o f Cl, compared with the corroded Mg-V alloys, must not only be 
attributed to its incorporation in the Mg(OH)2 lattice [Baliga 1990] but it must also be 
related to the significantly enhanced Zr presence in the corrosion products.
Incorporation o f ions in anodic oxide films on zirconium has been suggested as 
lowering the diffusion rates o f electron and oxygen ions through the film, due to the 
action o f the space charge created by the ions or due to the filling o f the anionic 
vacancies present in the Zr oxide by these ions [Banter 1967]. However, this option 
does not seem to be applicable in the present study because it is believed that the 
corrosion products did not only consist o f oxides but also o f hydroxides. Therefore, 
the corrosion mechanism could be more complicated than when only Zr oxide is 
involved. In addition, the above explanation given by Banter [1967] concerns 
relatively immobile ions which can create stationary negative space charge and it is 
quite unlikely that the Cl ions involved in the corrosion process were immobile. The 
RBS spectra (figure 8.19) show that Cl was depleted in the outermost surface (where 
Mg compounds dominated), was enhanced in the bulk o f the corrosion products and
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was again depleted close to the metal-oxide interface. Since MgO and Zr 
stoichiometric (Zr02) and substoichiometric oxides existed close to the graded metal- 
oxide interface it seems that the presence o f Cl was associated mainly with the Zr 
hydroxide.
The presence o f Cl in the corrosion products could also be explained by the initial 
formation o f Zr salts such as zirconium oxychloride Zr0Cl2.8H20 . Hydrolysis o f 
zirconium oxychloride is used as a processing route for the production o f zirconium 
hydroxide which in turn is used as a precursor for the production o f crystalline Zr02 
via calcination [Narayanan et al 1995, Mamott et al 1991]. It has been suggested that 
zirconium salts o f the type ZrOX2.8H20  (where X= Cl, Br, I) consist o f zirconyl ions 
[Zr(0H)2.4H20 ]48+ which are tetramers in reality [Clearfield 1964, Clearfield and 
Vaughan 1956]. The tetramer consists o f four metal atoms located at the comers o f a 
square linked by double hydroxyl bridges. The co-ordination o f the metal atoms is 
completed by four water molecules bonded to each o f them [Clearfield 1989, 1964, 
Clearfield and Vaughan 1956]. Halide ions (i.e. Cl ) are not bonded to the zirconium 
atoms but are held by electrostatic forces and weak hydrogen bonds [Clearfield 1964]. 
This probably explains the absence o f Cl peaks from the XPS spectra. Clearfield has 
also suggested that solutions o f zirconyl chloride are highly acid due to hydrolysis 
taking place according to the reaction
[Zr(OH)2. 4H20 ]48+ O  [Zr(OH)2+x. (4-%) H .O]/8^  + 4%H+ (8.2)
Possible hydrolysis o f the Zr salt could be responsible for the fact that the pH o f the 
NaCI solution did not reach the Mg(OH)2 saturation level (10.6) in the present work. 
However, the lower final pH value o f the solution compared to the Mg-V study is also 
an indirect indication o f the protective role o f Zr in the corrosion products i.e. 
prevention o f excessive Mg dissolution ( it should be reminded that in Mg-V, highest 
pH o f solution «10.5, see §5.3.2). Higher pH values o f the solution would increase 
the number o f hydroxyls on the tetramer in a random fashion, the result being that 
polymerisation may occur rapidly in many directions [Mamott et al 1991, Clearfield 
1989, 1964]. Since there is no time for an ordered array o f tetramers to fomi, the
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result o f the polymerisation would be the formation o f an amorphous gel o f zirconium 
hydroxide [Clearfield 1989],
Zirconium hydroxide has been reported as being amorphous at room temperatures 
[Narayanan et al 1995, Norman et al 1994, Mamott et al 1991, Pourbaix 1966]. With 
increasing temperature, crystallisation o f the amorphous zirconium^takes place via 
dehydration. It is believed that Zr02 crystallisation takes place in three stages 
[Norman et al 1994], At the first stage, there is loss o f loosely bound water and 
terminal hydroxo groups from the zirconium hydroxide. This produces a zirconium 
atom with less than full co-ordination. At the second stage terminal hydroxo groups 
on neighbouring atoms co-ordinate to form hydroxo bridges and subsequently 
embryonic oxide nuclei. Growth o f the nuclei leads to oxide crystallites at the third 
stage. It is suggested that the hump at 20 *  30° in the XRD spectrum in figure 8.12b 
is an indication o f the beginning o f Zr02 crystallisation.
Mamott et al [1991] have shown by XRD that the onset o f Zr02 crystallisation from 
amorphous Zr hydroxide occurs at T > 748 K and is accompanied by an XRD peak at 
this range o f 20, while Narayanan et al [1995] have shown that after calcination at 383 
K Zr hydroxide was still amorphous with crystallisation commencing above 623 K. 
In this study the heat treatment temperature o f the corroded sample was 673 K, which 
is close to the previous temperatures at which crystallisation o f Zr02 is believed to 
start. The reduction o f the peak areas corresponding to Mg(OH)2 in the XRD spectra 
o f the heat treated corroded alloys is also further evidence o f the de-hydration o f the 
corrosion products.
Therefore, the most likely scenario in the present study is that the Zr hydroxide 
formed in the corrosion products o f the PVD Mg-Zr alloys after immersion in 3 wt% 
NaCl was amorphous. The amorphisation was caused by the rapid local increase o f 
the pH value due to the hydrolysis o f MgO or the dissolution o f the base metal. The 
high charge o f the zirconyl ion, as shown in equation (8.2), could also be responsible 
for the large chemical shift o f the Zr 3d XPS peak corresponding to Zr(OH)4. This 
selective formation o f Zr(OH)4 in areas where dissolution o f Mg or MgO occurred 
could also explain why Mg oxide/hydroxide formed as an intimate mixture with the
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Zr oxide/hydroxide. Figure 8.20 summarises schematically the proposed distribution 
o f several compounds in the corrosion layer formed on the surfaces o f the PVD Mg-Zr 
alloys.
8.4 CONCLUSIONS
PVD processed Mg-Zr alloys showed improved corrosion behaviour in 3 wt% NaCl 
solution. The corrosion scale was non-porous. Loss o f adherence with the substrate 
and presence o f cracks in the corrosion scale were attributed to the highly cracked 
substrate and its porous and weak grain boundaries. Additions o f Zr improved the 
coiTosion behaviour via the formation o f corrosion products enriched in Zr. The 
corrosion products consisted o f a mixture o f Mg(OH)2, MgO and most probably 
amorphous Zr(OH)4, covered by an outermost layer o f hydromagnesite. It is 
suggested that MgO, Zr02 and a zirconium sub-oxide existed close to the metal-oxide 
interface.
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Figure 8.1: Atomic absorption results from immersion tests o f Mg-Zr alloys.
(a)
20.0Kb X I > 0 0 0  10HA+
(c)
(b)
20.0Kb X900 10HM
(d)
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(g)
Figure 8.2: Backscattered electron images (BEI) and EDX elemental maps of planar 
sections of Mg-Zr alloys corroded for 5 mins showing non-uniform corrosion and 
initiation of corrosion around PVD defects: (a) BEI of Mg-2wt%Zr, (b), (c) BEI of 
Mg-8wt%Zr, (d) EDX Zr map of area shown in (c), (e) EDX Cl map of area shown in
(c), (f) EDX 0 2 map of area shown in (c), (g) BEI of Mg-10wt%Zr.
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(b)
Figure 8.3: BEI o f planar sections o f Mg-8wt%Zr corroded for 4 days showing (a) 
crack network, polishing lines (on the metallic substrate) and corrosion products 
filling substrate cracks (indicated by the arrow), (b) curved cracks and non-uniform 
corrosion (Zr-rich bright regions are less oxidised).
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(b)
Figure 8.4: BEI o f planar sections o f Mg-2wt%Zr corroded for 7 days showing (a) 
uniform corrosion and lightly corroded regions (circles) and (b) almost uniform 
coverage o f corrosion products apart from a few Zr-rich areas which are slightly 
corroded.
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Figure 8.5: BEI o f cross sections o f Mg-2wt%Zr corroded for 7 days showing (a) 
extension o f the substrate cracks in the oxide, (b) oxide cracks (indicated by arrows) 
which originated from substrate defects (cones), (c) extended damage o f a cracked 
oxide scale (arrows indicate possible pre-existing cone shapes defects), (d) corrosion 
products formed in substrate cracks.
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(0
Figure 8.6: BEI and EDX elemental maps o f cross sections o f Mg-8wt%Zr corroded 
for 7 days showing (a) compositional banding in the oxide scale and continuation o f 
substrate cracks, (b)0 2 map o f area shown in fig. 8.6a, (c),(d) and (e) compositional 
banding and porosity in the oxide scale, and (f) 0 2 map o f area shown in (e).
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Figure 8.7: BEI and WDX elemental maps o f cross sections o f Mg-Zr alloys corroded 
for 7 days (a) BEI o f Mg-8.6wt%Zr cross section showing heavily corroded regions 
where substrate cracks reach the surface, (b) BEI o f Mg-10.6wt%Zr cross section 
showing the same effects as fig. (a), (c) and (d) BEI o f Mg-10.6wt%Zr cross sections 
showing continuation o f substrate compositional banding in a damaged oxide scale, 
and (e) WDX elemental maps o f Mg-10.6wt%Zr cross section.
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Figure 8.8: Mg-rich corrosion products extracted from the surface o f Mg-8.6wt%Zr 
(a) BF image showing the needle form o f the corrosion products, (b) SADP, (c) BF o f 
a MgO needle and (d) DF o f a MgO needle.
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(c)
Figure 8.9: (a) BF o f Zr-rich corrosion products extracted from the surface o f Mg- 
10.6wt%Zr, (b) BF o f corrosion products from the surface o f Mg-8.6wt%Zr and (c) a 
representative SADP indicating presence o f an amorphous phase.
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Mg-rich
V / / / / A
Figure 8.13: Schematic diagrams explaining the existence o f lightly corroded regions 
in the surface o f Mg-Zr alloys (see also circular areas in fig. 8.4a). Areas were created 
by the exposure o f Zr-rich regions in the surface during polishing, in combination 
with the presence o f cone shaped defects in the microstructure o f the alloys. Diagram 
(i) is a cross section and (ii) is a planar view.
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F ig u re  8.14: X P S  s u rve y  spectra o f  the surface o f  M g -8 .6 w t% Z r corroded fo r 5 m ins
(a ) outerm ost surface, (b ) after 60 m ins sputtering and (c ) afte r 150 m inutes
sputtering. Spectra representative fo r a ll a lloys.
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F ig u re  8.15: X P S  M g  K L L  spectra o f  M g -8 .6 w t% Z r corroded fo r 5 m ins (a )
outerm ost surface, and after (b ) 60 m ins and (c ) 150 m ins sputtering. Spectra
rep resen tative fo r a ll a lloys.
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Figure 8.16: XPS O ls spectra o f  Mg-8.6wt%Zr showing depletion o f  hydroxide and
H20  with depth (a) outermost surface, (b) after 60 mins and (c) after 150 mins
sputtering. Spectra representative for all alloys.
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Figure 8.17: XPS Zr 3d spectra o f  Mg-8.6wt%Zr recorded after Ar+ sputtering for (a) 
30 mins, (b) 45 mins, (c) 90 mins (d) 120 mins (e) 135 mins and (f) 150 mins; a: 
Zr(OH)4 3d3^ , b: Zr(OH)4 3d5/2, c: Zr02 3d3/2, d: Zr02 3d5/2, e: Zr sub-oxide 3d3/2, f: Zr 
sub-oxide 3d5/2, g: Zr° 3d3/2 and h: Zr° 3d5/2.
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Figure 8.18: Elemental distribution with depth in the surface o f  Mg-8.6 Zr corroded 
for (a) 5 mins and (b) 9 hours in 3wt% NaCl.
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Figure 8.19: RBS spectra o f  Mg-Zr alloys corroded for 5 mins (a) general spectra, (b)
Cl edge and (c) Zr edge.
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MgO, ZrOj, Zr sub-oxide Columnar grains
Hydromagnesite, Mg(OH)2, C contamination layer
Figure 8.20: Schematic diagram showing the proposed distribution o f  Mg and Zr 
compounds on the surface o f  PVD Mg-Zr alloys after brief immersion in 3 wt% NaCI 
solution.
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C H A P T E R  9 
A L L O Y IN G  A N D  C O R R O S IO N  B E H A V IO U R  O F  M g -V  A N D  
M g -Z r  V A P O U R  D E P O S IT E D  A L L O Y S
9.1 INTRODUCTION
The Mg-V and Mg-Zr alloys studied in this thesis were produced using the same 
processing route as well as similar processing conditions. The microstructures o f  all 
deposits exhibited typical PVD features. However, there were some differences in 
microstructure and ciystal structure which reflected the peculiarities o f  each system. 
The corrosion behaviours o f  the two systems were significantly different and this 
makes the comparison between the Mg-V and Mg-Zr vapour deposited alloys an 
interesting study. In the following sections the two systems are compared.
9.2 MICROSTRUCTURAL FEATURES OF Mg-V AND Mg-Zr ALLOYS
A  fundamental issue in the development o f  the alloys studied in this thesis was the 
extension o f  solid solubility which was either negligible (Mg-V) or limited (Mg-Zr) in 
terms o f  conventional or rapid solidification from the melt. In PVD, as discussed in 
§2.3.2, the achievement o f  solid solubility extension can be realised under processing 
conditions which result in a porous, columnar microstructure. The microstructures o f  
both alloy systems were found to be porous with columnar grains aggregated into 
cone shaped sets with domed tops, belonging to zones 1 and 2  o f  the empirical
Y\
structure zone models o f  Movchan and Demchishin and Thoijton [Bunshah 1982] (see 
figs 2.6 and 2.7).
Microstructural refinement occurred in all cases with increasing V and Zr additions. 
This refinement could not be attributed only to alloying, but it is believed to be also 
influenced by the mode o f  melting o f  the alloying addition using electron beam 
evaporation, which led to ionisation o f  the evaporated atoms. The latter impinged 
onto the substrate with high kinetic energy increased the local temperature and 
therefore enhanced diffusion. Enhanced diffusion affected nucleation rate and also
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led to a decrease o f  the vapour flux shadowing effect due to surface roughness, thus 
also contributing to a reduction o f  the porosity o f  the deposits.
Difficulties in controlling the evaporation rate o f  the alloying elements led to through 
thickness compositional inhomogeneity in the deposits, which manifested itself in the 
form o f  chemically inhomogeneous bands. The compositional banding increased with 
increasing amount o f  alloying addition. Both Mg-V and Mg-Zr deposits were 
characterised by a dense dislocation network whose formation is believed to have 
been affected by the high cooling rates employed in PVD. Cracks due to thermal 
stresses were also found in the majority o f  the deposits.
The inferior mechanical stability o f  the Mg-Zr deposits, which were highly cracked
compared with the Mg-V ones, has been attributed to the presence o f  Zr02 in mixture
with MgO between the grains o f  the deposits and to the subsequent volume expansion
accompanying the tetragonal to monoclinic transformation o f  Zr02 during cooling. In
contrast, the grain boundaries o f  the Mg-V alloys were decorated only with MgO.
The stability o f  both Mg-V and Mg-Zr solid solutions decreased with increasing
Mg-V
temperature. The break up o f  the^solid solutions led to the precipitation o f  pure V 
forming mainly bands in parallel to the grain boundaries. Although all the 
microstructures o f  the Mg-Zr alloys were extended solid solutions, precipitation o f
Of
pure Zr has been reported to occur when the solid solubility^Zr in PVD Mg-Zr alloys 
was not retained [Bagnall 1996]. A  preferred crystal growth along the c-axis was 
observed for both systems, in accordance with previous findings in PVD Mg alloys.
9.3 ALLOYING BEHAVIOUR
Magnesium (hep) and V (bcc) have different crystal structures, are well apart in the 
electromotive series, have different valences and the difference o f  their atomic sizes is 
more than 15% (fig. 9.1). Therefore Mg and V do not satisfy the Hume-Rothery rales 
for solid solution formation. Zirconium has the same crystal structure as Mg and a 
favourable size factor (fig. 9.1), but it has different valence and is more 
electronegative. However, the difference in electronegativity between Mg and Zr (0.2 
units) is smaller than that between Mg and V (0.4 units). The partial satisfaction o f
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the Hume-Rothery rules is probably the reason that Zr is soluble to some small extent 
into magnesium (see chapter 2).
It has been suggested that the atomic size difference o f  an element for extending its 
equilibrium solid solubility in Mg above 1 at% must lie within ±  12%, with Mn being 
the only exception [Jones 1986]. In electronegativity terms the majority o f  the solid 
solution forming solutes have ±0.4 units difference from Mg as a limit. The atomic 
size and electronegativity margins have been reported to broaden by ion implantation 
by up to -15% to + 40% and ±  0.7 electronegativity units respectively [Jones 1986]. 
When the heat o f  solution (AHS) in the solvent was considered, a shift to more 
negative values was found to favour the extension o f  equilibrium substitutional solid 
solubility [Jones 1986]. In a plot o f  atomic size versus AHS the locus o f  the elements 
forming solid solution with Mg is shifted to negative AHS values with Zr being on the 
boundary (AHS »  12 kJ/mol) and V  being far outside the favourable limits at higher 
AHS values (AHS«  80 kJ/mol).
Similar comments can be made for previously studied PVD Mg-X alloys (X=Mn, Cr, 
Si, Ti) [Bray 1990, Baliga et al 1997]. Manganese lies below the ±15% difference in 
atomic size, has a non favourable AHS («35 kJ/mol) [Jones 1986], different 
electronegativity value (1.5 units) and different valence and crystal structure (cubic). 
The situation is even less favourable for Cr since the difference in atomic size is more 
than 15 %, it has a positive AHS value (close to V) lying outside the favourable limits 
[Jones 1986], a different crystal structure (bcc) and a different valency and 
electronegativity (0.4 units difference) than Mg. Silicon lies on the borderline o f  the 
±15% atomic size factor and has a negative value for AHS (»  35 kJ/mol) [Jones 1986]. 
The different crystal structure o f  Si (diamond), the large difference in 
electronegativity (0.6 units) and its tendency to complete the electron octet by forming 
covalent bonds (Si belongs to the IVA group) are factors favouring formation o f  Mg- 
Si compounds rather than promoting the extension o f  solid solubility. Titanium has 
an atomic size within the favourable zone and the same crystal structure as Mg (hep) 
but the electronegativity difference (0.3 units) and the different valence restrict solid 
solubility. The AHS value for Ti is fairly positive around 40 kJ/mol [Jones 1986], and 
therefore it is also non-favourable. It is evident that using PVD as a non-equilibrium
202
processing route, the above mentioned limitations on solid solubility can be 
overcome.
9.4 LATTICE PARAMETER VARIATIONS UPON ALLOYING
As shown in figures (9.2a to c), the c-lattice parameter and the c/a ratio o f  both 
systems, as well as the a-lattice parameter o f  the Mg-V alloys, decreased with alloying 
addition, while the a-lattice parameter o f  the Mg-Zr alloys remained constant or was 
slightly increased. Both the a and c lattice parameters as well as the c/a ratio o f Mg-Ti 
alloys have also been reported to decrease with alloying addition [Baliga et al 1997]. 
The change o f  the lattice parameters o f  Mg-Mn alloys showed a similar behaviour 
(decrease o f  a, c and c/a) and deviations from this trend were attributed to 
precipitation o f  pure Mn and the subsequent reduction o f  the Mn content in solid 
solution [Bray 1990]. Lattice parameter measurements o f  Mg-Cr deposits showed an 
initial decrease o f  the a-lattice parameter followed by an increase, while the c- lattice 
parameter and the c/a ratio decreased [Bray 1990]. In figure 9.2a Vegard’s law for the 
Mg-V and Mg-Zr systems has been plotted using equation (9.1)
dA-=ndi + (l-n )d Mg, i = V,Zr (9.1)
where dA is the calculated value for the a-lattice parameter o f  the alloy, dj are the 
literature values o f  the V or Zr lattice parameters, dMg is the measured value o f  the Mg 
a-lattice parameter and n is the atomic fraction o f  V (or Zr) atoms. According to 
Vegard’s law the lattice spacings o f  a solid solution o f  two metals with the same 
crystal structure varies linearly with the atomic percentage o f  the solute [Raynor 
1959]. Vegard’ s law provides an indication o f  the variations o f  the lattice parameters 
o f  a solid solution with the atoms being considered as hard spheres. However, this 
law is rarely obeyed because it does not take into account valence differences and 
interactions between the atoms o f  the components [Raynor 1959]. Since both V and 
Zr have valences higher than Mg, the electron/atom ratio o f  the solid solution is 
expected to increase with alloying addition. The dependence o f  the lattice parameters 
on valence effects is expressed by a deviation o f  the measured values from Vegard’ s
Chapter 9______________________________ Alloying and Corrosion o f  M g-V  and Mg-Zr
203
Chapter 9 Alloying and Corrosion o f  M g-V and Mg-Zr
law, which increased with increasing solute content (Mg-V a-lattice parameter in 
figure 9.2a).
9.5 ROLE OF CHARGE TRANSFER
As discussed in chapter 6, an electron transfer o f  between 0.09 and 0.11 electrons per 
atom occurred from Mg to V  upon alloying. This value is in excellent agreement with 
theoretical calculations o f  charge transfer in the Mg-V (8.9 at%V) system using the 
“ linear muffin-tin orbital method”  (LMTO) according to which 0.0977 electrorj/atom 
are transferred from Mg to V upon alloying [Nguyen 1997]. Most probably the Mg to 
V charge transfer was accompanied by electron transfer from the V  3d to V 4s band 
implying electron promotion and hybridisation. By using the same methodology as 
for the Mg-V system, an electron transfer between 0.02 and 0.03 electrons per atom 
was estimated upon alloying Mg with Zr (see table 9.1). The potential parameters k, 
k', dk/dN and dk/dN for Mg, given in chapter 6, were used for the charge transfer 
calculation. The lack o f  sharp and well defined Zr MNN Auger lines did not allow 
the variation o f  the Zr Auger parameter with alloying composition to be monitored. 
Therefore, the Zr contribution to the charge transfer was not assessed.
Table 9.1: Change in binding energy, kinetic energy and Auger parameter o f  Mg 
between the metallic and alloyed states in Mg-3 at%Zr.
Alloy AEJeV) AEJeV) Aa* (eV)
Mg-3 Zr -0.9 +0.8 -0.1
The lower value o f  charge transfer from Mg to Zr, compared to that from Mg to V, is 
attributed to the small range o f  alloying additions studied and to the lower 
electronegativity o f  Zr compared to V (electronegativity values for Mg, Zr and V are
1.2,1.4 and 1.6 units respectively on the Pauling scale).
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9.6 IMPLICATIONS OF CHARGE TRANSFER FOR CRYSTAL 
STRUCTURE VARIATIONS
The atomic size o f  V  is smaller than that o f  Mg. This is due to the contribution o f  the 
tightly bound V 3d band in the V  valence band. The atomic size o f  the transition 
metals is determined largely by the width o f  the d-band [Hume-Rothery et al 1969, 
Hume-Rothery 1966]. The increase in the occupancy o f  this band narrows its width. 
Therefore, transition metals have “close type” crystals, i.e., they are characterised by 
short interatomic distances (small differences between atomic and ionic sizes). The 
localised wave functions o f  the 3d band make the V valence band much narrower than 
the Mg one. Thus, substitution o f  V  atoms for Mg ones would result in a decrease in 
the interatomic distances o f  the Mg lattice.
Mg is also characterised by an electron overlap o f  the first Brillouin zone at directions 
perpendicular to the c-axis as discussed in chapters 4,6,7. Additions o f  a solute with 
higher valence would increase the electron/atom ratio and the overlap along the a-axis. 
The crystal would thus react to the overlap by changing dimensions, i.e., by expansion 
along the a-axis [Kittel 1996]. The a-axis could also expand due to the tensile stresses 
introduced by the overlap [Raynor 1959]. The combined effect o f  both the atomic 
size and the electronic overlap would be the decrease o f  the c/a ratio.
An onset o f  the overlap along the c-axis o f  the Mg lattice occurs for an electron/atom 
ratio higher than 2.0075, which corresponds to 0.25 at% o f  a 5-valent solute [Raynor 
1959]. This solute content has been derived using equation (9.2).
ax + b(l-x ) = 2.0075 e'/atom (9.2)
where a is the solute valence (5 for V), b is the Mg valence (2) and x is the solute 
atomic fraction. In the Mg-V alloys studied in this thesis the c/a ratio decreased up to 
solute levels which were higher than the value calculated above (maximum solid 
solubility o f  V  in Mg was about 8.9 at%). This could be a result o f  the electron 
transfer from Mg to V and the subsequent decrease o f  the electron/atom ratio. In the 
Mg-8.9V alloy the electron/atom ratio was equal to 2.267. By considering the
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maximum value o f  the charge transfer from Mg to V  (derived from AP 
measurements), the “net”  electron to atom ratio reduces to 2.157, which is still above 
the value which gives rise to the electronic overlap along the c-axis.
Similarly in the Mg-Zr alloy with the highest Zr content (Mg-3.07at% Zr) the 
election/atom ratio was 2.061 which again is above 2.0075. For a 4-valent solute (like 
Zr), a solute content o f  0.375 at% corresponds to the value 2.0075 e /atom and is well 
below the 3.07 at% Zr limit. If we were to consider that the possible maximum 
electron transfer from Mg to Zr is equal to 0.03 e’/atom, the “net”  e'/atom ratio would 
reduce to 2.031, which again is above the limit for the onset o f  the overlap. These 
differences could be attributed to the following reasons. Firstly the deposits lacked 
compositional homogeneity. The lattice parameters were measured over a number o f  
bands (or for a material o f  an “average” composition) and did not correspond exactly 
to the same composition o f  the materials studied for the charge transfer calculations. 
The latter were derived using Auger parameter data from surface analysis by XPS. 
The Auger parameter changes, especially those o f  Mg in the Mg-Zr alloys, were small 
and therefore sensitive to experimental error (see chapter 6).
We can use a “mechanistic”  approach to consider the charge transfer upon alloying 
Mg with either V  or Zr. By using a Drude-Lorentz model [Cottrell 1995], the crystal 
can be visualised as a “box”  containing stationary cations with the mobile valence 
electrons forming a cloud around them. In pure V, the V  atoms would experience a 
large electron density around them (due to the short interatomic distances) compared 
to the Mg atoms in the Mg lattice. If a V  atom were to move into the Mg lattice by 
substituting for a Mg atom the increased interatomic distance would subsequently 
decrease the electron cloud around it. In order for the V  atom to adjust to the new 
situation and to “re-establish” an equilibrium in the new lattice site, it would seek to 
approximate'the previous situation in the pure V lattice. The increase in electron 
density around the V  atom in the Mg lattice was achieved by electron transfer from 
the Mg to V. The interatomic spacing in the Zr parent lattice is larger than that o f  V 
[Hume-Rothery et al 1969, Hume-Rothery 1966]. The reason for this is that the 
occupation o f  the Zr 4d band is less than that o f  the 3d band o f  V, and this gives rise 
to a wider less localised Zr valence band. For this reason there was a smaller
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requirement for Zr atoms to increase their electron density in the Mg lattice by 
receiving electrons from Mg atoms, i.e. a smaller electron transfer from Mg to Zr.
The charge transfer analysis in the Mg-V system (see chapter 6) gave some indication 
for charge redistribution in V which was expressed in the form o f  electron transfer 
from V3d to V4s. By using different excitation (Cr K{3 source) for the XPS spectra 
acquisition the problems encountered when Al Ka radiation was employed, were 
overcome, as mentioned in chapter 6, and the reproducibility o f  the results (V3d—»4s 
electron transfer) was enhanced. It is suspected , as will be discussed below, that the 
hybridisation implied by the 3d to 4s electron promotion could possibly affect the 
lattice parameter variation by determining the sites occupied by V (and possibly Zr) 
atoms in the Mg lattice.
According to Pauling, the metallic bond is an extension o f  the resonance process 
occurring between several electronic configurations o f  the bonding electrons in a 
molecule and Altmann, Coulson and Hume-Rothery also suggested that the structure 
o f  a metallic crystal results from resonance between many electronic configurations 
[Hume-Rothery and Coles 1969]. According to the resonance theory, the rapid 
interchange between the several electronic configurations results in a lowering o f  the 
energy o f  the molecule (or crystal) and a decrease in the interatomic distances.
The atoms in metals can be considered as being bonded with fractional covalent bonds 
in which two atoms can share less than one electron [Hume-Rothery 1966]. 
According to Pauling, bond formation in the transition metals is due to electrons in s-, 
p-, and d-states [Hume-Rothery and Coles 1969]. Hybridisation between ns-, np-, and 
(n-l)d-orbitals may lead to very stable (spd) hybrid orbitals. The (n-l)s and (n-l)p 
orbitals are too deep in the atoms to be available for bonding. Moreover, the atomic 
diameters o f  the transition metals o f  the middle and later groups are o f  the same order 
as the normal covalent radii given by Pauling for various kinds o f  (spd) bonds. 
Therefore, it has been concluded that for these metals the binding forces resemble 
those in normal covalent crystals such as diamond [Hume-Rothery and Coles 1969].
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By accepting covalent bond formation between the atoms o f  the transition metals with 
the binding orbitals being in hybridised form, the hybrids in the main three crystal 
structures have been determined [Hume-Rotheiy and Coles 1969]. In the hep system 
three hybrid orbitals (sd2) have been suggested to bond the atom with its 6 neighbours 
in the basal plane. The s- and d- orbitals have spatially symmetric wave functions and 
the hybrids formed from these orbitals have electron clouds with symmetric 
distribution [Hume-Rothery and Coles 1969]. The 3d to 4s electron transfer in the V 
atom implies sd(n) hybridisation and the preferred position o f  the V atom would be in 
the close-packed plane o f  the Mg lattice. In a hard sphere model (see figure 9.3) 
substitution o f  V  atoms for Mg ones in the basal plane o f  the Mg lattice would lead to 
a decrease o f  the c-lattice parameter to a greater extent than the a- lattice parameter. 
The reason for this is that in a hard sphere model, dimensional changes along close 
packed directions (e.g. a-axis) would be less sensitive than changes along other 
directions (e.g. c-axis).
Unfortunately the charge transfer contribution o f  Zr atoms could not be confirmed for 
Mg-Zr as discussed above. The hypothetical case in which Zr uses the electrons 
donated by Mg to increase the occupancy o f  the 4d band would mean reduction o f  the 
Zr atomic size (narrowing o f  valence band). This could possibly partially explain the 
reduction o f  the c-lattice parameter although the Brillouin zone argument seems to be 
more successful in explaining the Mg-Zr case.
In other M g-X (X=Ti, Cr, Mn) vapour deposited alloys, in which similar changes in 
lattice parameters and axial ratios have been observed, the atomic size factor in 
combination with the existence o f  the electronic overlap and the electron transfer from 
Mg could also provide a satisfactory explanation. Titanium, Cr and Mn have smaller 
atomic sizes than Mg. The valence bands o f  Mn and Cr are very narrow (high 
occupancy o f  d-band) and therefore a similar argument (as in Mg-V) could be used in 
terms o f  the hard sphere model. The occupancy o f  the Ti 3d-band is the same as that 
o f  Zr but the smaller atomic size o f  Ti compared to Zr seems to have a dominant 
effect in the variation o f  the lattice parameters, the result being a different behaviour 
o f  the Mg-Ti system compared to Mg-Zr. However, the compositional inhomogeneity
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o f  all vapour deposited alloys should not be forgotten when attempting quantitative 
comparisons.
9.7 ROLE OF SURFACE FILM FORMATION IN CORROSION 
BEHAVIOUR IN 3 wt% NaCl SOLUTION
The fundamental difference between the surfaces o f  as-deposited/as-polished Mg-V 
and Mg-Zr alloys was the participation or not o f  the alloying addition in oxide form. 
Vanadium oxide was not detected on the surfaces o f  the Mg-V alloys where only 
magnesium oxide/hydroxide existed, as discussed in chapter 4. In contrast, Zr02 (and 
Zr sub-oxides) participated in the formation o f  the surface film o f  the as-deposited 
Mg-Zr alloys, as discussed in chapter 7. The thermodynamic stability o f  Zr02 is 
comparable to that o f  MgO and both are much greater (i.e., both oxides have much 
more negative Gibbs free energies o f  formation) \n thermodynamic stability 
low temperature V2Os. The metal/oxide interface o f  the alloys was graded due to 
the existence o f  columnar grains in the microstractures (see chapters 4 and 7) and 
grain boundary oxide formation has been considered as a viable option. Thus high 
temperature oxide formation could not be excluded.
The stability and degree o f  protection an oxide can offer to the underlying metal 
depends on the composition and nature (porosity, adhesion and solubility in the 
presence o f  an electrolyte) o f  the oxide, as well as the uniformity o f  the metallic 
substrate besides the thermodynamic and kinetic considerations discussed above. The 
presence o f  Zr02 in the surface was enhanced in the high Zr content alloys. As far as 
the substrate uniformity is concerned, even though all alloys suffered from grain 
boundary porosity, cracks, and compositional non-uniformity, these effects were more 
enhanced in the Mg-Zr deposits. Localised attack in the form o f  pits was observed in 
all alloys due to surface defects (i.e. pores) as well as due to the inhomogeneity o f  the 
corroded surfaces and the subsequent microgalvanic action as explained in chapters 5 
and 8.
Crevices were formed during the immersion tests, as shown in figure 9.4. The crevices 
have been categorised into three groups, first those created on the sides o f  the
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immersed alloys (both Mg-V and Mg-Zr) which were in contact with the container 
(type I in figure 9.4), second those created as a result o f  the compositional banding 
(type II) and third those created in the presence o f  cracks and microstructural (domed 
cones o f  grains) defects (type III). The last two categories were observed extensively 
in Mg-V alloys where severe attack occurred. Type (II) attack led to severe 
exfoliation o f  the deposits and it is attributed to microgalvanic action between the 
compositional bands. As illustrated in figures 9.5 and 9.6, which show the Mg loss 
into solution and the variation o f  the solution pH values for all alloys during 
immersion in 3 wt% NaCI, the corrosion resistance o f  the Mg-Zr alloys was 
significantly higher than that o f  the Mg-V alloys. Comparison o f  figures 9.6 a and b 
shows that the increase o f  the pH o f  the solution, which occurred due to Mg 
dissolution and subsequent Mg(OH)2 formation, was much faster in the Mg-V alloys 
(especially in Mg-27wt% V) than in the Mg-Zr alloys. All Mg-V alloys reached a 
final pH value close to the saturation level o f  the Mg(OH)2 solution («  10.6), while 
this value was not reached by the Mg-Zr samples. This is an indirect indication o f  the 
protective role o f  the surface film formed on the Mg-Zr alloys, despite their poor 
substrate condition. The rate o f  the pH increase also depends on the extent o f  the 
galvanic action and the proportion o f  microgalvanic couples exposed to the solution 
area. In the low alloyed deposits such as Mg-lwt% V the compositional 
inhomogeneity was negligible thus the initial rate o f  pH increase was not veiy high.
Further evidence about the general corrosion behaviour o f  the alloys was provided by 
the thickness o f  the corrosion products formed after the same immersion time, the 
nature o f  the corrosion products, the condition o f  the scale (porosity, cracks, adhesion) 
and the participation level o f  the alloying addition. The thickness o f  the corrosion 
products formed on the surface o f  the Mg-Zr alloys was significantly smaller than on 
the Mg-V alloys. After 9 hours immersion, the Mg-Zr corrosion products had an 
average thickness 1-2 pm while the Mg-V ones were 10-30 pm thick. For longer 
immersion times (7 days) the corrosion products on the Mg-Zr alloys were 10-30 pm 
thick. Comparison with the Mg-V corrosion products formed after 7 days could not 
be made since severe exfoliation o f  the corrosion scale o f  these alloys had occurred. 
The presence o f  the alloying addition was significantly enhanced in the scale formed 
on Mg-Zr alloys compared to their bulk composition, while depletion o f  V  in the
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corrosion products o f  Mg-V alloys was observed. The corrosion products o f  Mg-V 
alloys were porous with a random compositional inhomogeneity indicating an 
outwards diffusion o f  base metal and dissolution. The presence o f  V  in metallic form 
in the corrosion products o f  the Mg-V alloys with high V content was due to the 
difficulty in the formation o f  V  oxides during the corrosion process and 
possibility continued microgalvanic action throughout the corrosion process (see 
chapter 5).
The cracks present in the oxide scale o f  the Mg-V alloys have been considered to be 
mainly a result o f  tensile stresses due to material loss, whilst those in the corrosion 
products o f  the Mg-Zr alloys were mainly attributed to the poor substrate condition. 
However, the presence o f  Zr02 at the metal-corrosion products interface could be 
responsible for buckling o f  the oxide scale due to the high Pilling-Bedworth ratio o f 
this oxide.
In terms o f  the formation mechanism o f  the corrosion products, hydrolysis o f  the 
initially-formed MgO to Mg(OH)2 and selective formation o f  V 20 4 in V  rich regions 
has been suggested to occur in the Mg-V alloys. The low stability o f  the soluble V 20 4 
did not offer any protection to the alloy in this corrosive environment. The case o f  
Mg-Zr alloys was much more favourable for oxide film formation since Zr 
participated in the surface film prior to immersion. Also the Zr hydrous oxide 
(hydroxide) is thermodynamically stable in an aqueous environment over a wide pH 
range. Hydrolysis o f  MgO to Mg(OH)2 and either hydrolysis o f  Z r02 to Zr(OH)4 or 
hydrolytic polymerisation o f  an initially formed chlorine containing Zr salt (which is 
unstable at high pH values) to Zr hydroxide, or both, have been suggested to be the 
main mechanisms for the corrosion process in these alloys. The possible amorphous 
nature o f  Zr(OH)4 was probably responsible for the protection offered by Zr in the 
Mg-Zr alloys.
On the basis o f  “practical nobility”  and “ thermodynamic nobility”  criteria suggested 
by Pourbaix [1966] the following observations can be made for Mg-V, Mg-Zr and the 
promising Mg-Ti [Baliga et al 1997, Baldwin et al 1997] system. Thermodynamic 
nobility refers to the common area shared by the immunity domain o f  an element and
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the thermodynamic domain o f  water at a pressure o f  1 atmosphere, while the practical 
domain also includes the passivation section. On the Pourbaix scale vanadium has a 
thermodynamic nobility (36* in ranking) higher than a practical one ((40* in ranking) 
while with Zr and Ti the situation is the reverse. Although both Zr and Ti are below 
V  in thermodynamic nobility terms (38* and 41st respectively in ranking) their 
practical nobilities are much higher the result being Zr to be ranked as 13* and Ti as 
7* out o f  43 metals. The practical nobility o f Mg (41st) is slightly higher than its 
thermodynamic one (43rd amongst 43 metals).
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Figure 9.1: Atomic sizes o f  the elements and favourable size-factor zone with respect to
Mg [from Roberts I960],
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Figure 9.2: Variation o f  the Mg (a) a-lattice parameter, (b) c-lattice parameter and (c)
c/a ratio with alloying addition.
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Figure 9.3: A  hard sphere model for the variation o f  the lattice parameters o f  Mg-V
alloys.
Figure 9.4: Types o f  crevices formed during immersion o f  Mg-V and Mg-Zr alloys in 
NaCl. Type (I) was observed in all alloys while types (II) and (III) were predominant 
in Mg-V alloys.
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Figure 9.5: Atomic absorption results for the Mg-V and Mg-Zr alloys.
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Figure 9.6: Variation o f  pH during immersion o f  (a) Mg-V and (b) Mg-Zr alloys in 3
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C H A P T E R  10 
C O N C L U S IO N S  A N D  R E C O M M E N D A T IO N S  F O R  F U T U R E  
W O R K
10.1 CONCLUSIONS
. . t
The aim and the objectives o f  the ljjsearch, which were outlined in chapter 1 o f  this 
thesis, have been achieved. The following conclusions can be made.
1. The solid solubility o f  V  in Mg has been extended to at least 17 wt% V by PVD. 
The deposits exhibited strong basal texture. The amount o f microstructural porosity 
diminished, and the columnar grain size and both lattice parameters decreased with 
increasing V  content. The thermal stability o f  the solid solutions in the alloys decreased 
with increasing V content. Pure V  precipitated out when the solid solubility was 
exceeded. The air formed oxide film was composed o f  MgO, Mg(OH)2 and M gC03.
2. The solid solubility o f  Zr in Mg has been extended approximately to 10 wt% by 
PVD with evidence that the solid solubility can be extended up to at least 20 wt% as 
observed locally in the compositional bands across the thickness o f  the deposits. The 
thermal stability o f  the deposits decreased with increasing Zr content as in Mg-V alloys. 
Grain boundary porosity and dislocations were dominant features o f  the microstructures. 
Reduction o f  the c/a ratio with increasing alloying addition was a result o f  the increase 
o f  the a- and decrease o f  the c- lattice parameter o f  the Mg hexagonal lattice. The 
deposits exhibited a strong basal texture in agreement with similar observations in other 
PVD Mg alloys. Monoclinic Zr02 and a Zr sub-oxide co-existed with MgO/Mg(OH)2 
in the surface o f  the as-deposited/polished alloys and probably between the columnar 
grains.
3. The shift o f  the Auger parameters o f  Mg and V between their pure and alloyed 
states suggested electron tr ansfer from Mg to V. A  charge transfer o f  between 0.09 and
0.11 electrons/atom has been calculated. The donation o f electrons from Mg to V is in 
agreement with the dependence o f  the c/a ratio on solute valence. The assumption that
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the difference in d screening following core ionisation is equal to the difference in d 
charge led to the conclusion o f  electron transfer from the V 3d orbital and suggests 
possible s-d hybridisation.
4. Using the Mg Auger parameter, a small charge transfer from Mg to Zr between
0.02 and 0.03 electrons/atom was estimated in Mg-Zr alloys. The Zr Auger parameter 
was not calculated due to difficulties in acquiring a sharp Zr MNN Auger transition.
5. The corrosion products formed on the PVD Mg-V alloys after immersion in 3 
wt% NaCI solution consisted mainly o f Mg(OH)2 and MgO, with the latter phase 
progressively dominating with depth. The top surfaces were covered with a mixture o f  
Mg(OH)2, MgO and M g(C03)2 in the form o f hydromagnesite. Vanadium formed a 
mixed oxide with MgO and participated in the corrosion scale as MgO.V20 4 when the 
solute content exceeded 6 wt% V. Formation o f  M g0.V20 4 occurred in V  rich regions 
and did not result in an improvement in the corrosion resistance o f  the alloys owing to 
the low thermodynamic stability o f  V20 4 in the saline environment. A  porous, soluble, 
highly cracked and non-adhesive corrosion scale formed on the PVD Mg-V alloys, 
which was also compositionally non-uniform and susceptible to disintegration. The 
compositional inhomogeneity o f  the deposits accounted for galvanic effects and 
localised attack. The dramatic increase o f  the corrosion rate o f  the alloys with the 
highest V  content was attributed to microgalvanic action between pure V  precipitates 
and the surrounding Mg-rich matrix.
6. The PVD Mg-Zr alloys showed improved corrosion behaviour in 3 wt% NaCI. 
The corrosion scale was non-porous while loss o f  adherence with the substrate and 
presence o f  cracks in the corrosion scale were attributed to the highly cracked 
substrate and its porous and loose grain boundaries. The improved corrosion 
behaviour has been attributed to the formation o f  corrosion products consisting o f  a 
mixture o f  Mg(OH)2, MgO and most probably amorphous Zr(OH)4, covered by an 
outermost layer o f  hydromagnesite. It is suggested that MgO, Zr02 and zirconium 
sub-oxide exist close to the metal-oxide interface.
217
Chapter 10 Conclusion & Recommendations
10.2 RECOMMENDATIONS FOR FUTURE WORK
The main objective o f  the development o f  PVD Mg alloys is the improvement o f  
corrosion behaviour. From all the elements checked so far by PVD as alloying 
additions to Mg, Ti and Zr seem to have a strong beneficial effect. These two 
elements form thermodynamically very stable oxides which also have great stability 
in aqueous environment over a wide pH range. Titanium and zirconium should be 
used as basic alloying additions in ternary or quaternary systems possibly at a quite 
high level o f  alloying (around 10 wt%). Thus synergistic (or antagonistic) effects in 
e.g. surface film formation would be studied, and in addition the effectiveness o f  the 
alloying addition in protective film formation could be tested in more complicated 
microstructures where second phases, precipitates and other compounds will be 
present.
Before the development o f  ternary and higher order alloys, some immediate stages 
might be required. The deposits studied in this study as well as in previous ones 
exhibited porous and compositionally non-uniform microstructures with columnar 
grains. The increased number o f  parameters related to the condition o f  the deposits, 
and which must be taken into consideration, decreases the degree o f  confidence in the 
estimation o f  the corrosion behaviour. In situ mechanical work o f  the deposits can be 
successfully used to reduce the amount o f  porosity and destroy the columnar structure 
o f  the deposits [Dodd and Gardiner 1997]. Therefore, mechanically worked Mg-Zr 
and Mg-Ti alloys should be studied before and after corrosion, since the porosity, 
cracking and columnar grain effects on the corrosion process and scale formation 
would be minimised and/or eliminated. The improved condition o f  the substrate 
would also allow for the metal/oxide interface to be studied. This would be 
particularly important for the Mg-Zr alloys were zirconium sub-oxides are suspected 
to play a key role in film formation. TEM investigations o f  cross sectional samples 
would possibly help to clarify the corrosion mechanism o f the Mg-Zr alloys.
The existence o f  Zr sub-oxides could also be attributed to Ar+ sputtering (i.e. Ar+ 
sputtering induced reduction). Non-destructive XPS depth profile such as that
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achieved with angular resolved XPS (spectra acquisition at different take o ff angles) 
as well as use o f  different primary radiation (i.e. Mg Ka) would contribute in 
resolving the situation.
Improved substrate condition could allow for increases o f  the immersion times in 3 
wt% NaCl solution. Since corrosion o f  Zr is related to a pre-transition protective 
period followed by a post-transition non-protective one, it would be interesting to 
clarify whether similar phenomena determine the corrosion behaviour o f  Mg-Zr 
alloys. Effect o f  alloying addition on the degree o f  corrosion protection (i.e. material 
loss into solution, oxide thickness etc.) would also be useful to monitor for longer 
corrosion periods.
One o f  the critical issues about the nature o f  the corrosion products o f  the Mg-Zr 
alloys was the formation o f  amorphous Zr(OH)4. Corrosion o f  Mg-Zr alloys, 
preferably for long periods so that thick corrosion products detectable by XRD will 
form, followed by heat treatment at temperatures above 673 K would possibly resolve 
the situation. Crystallisation o f  the amorphous hydroxide and its subsequent 
transformation to Zr02 are expected to occur at (or above) these temperatures.
The effect o f  precipitation (size and dispersion o f  precipitates) in Mg-Zr and Mg-Ti 
alloys on the corrosion behaviour and the degree o f  protection offered by the alloying 
addition in the presence o f  precipitates would be an interesting case o f  investigation. 
Such a study would be used pivotally for further investigations in multicomponent 
systems.
Auger and lattice parameter measurements o f  a long compositional range o f  Mg-Zr 
alloys would allow for charge transfer upon alloying to be calculated and related to 
changes o f  the crystal structure. This work could be extended to other PVD Mg alloys 
such as Mg-Cr, Mg-Ti, Mg-Mn and Mg-Si, so that a useful insight in the alloying 
behaviour o f  these elements with Mg could be achieved. Moreover, the role o f  charge 
transfer in the stability o f  the crystal structure o f  PVD Mg alloys could be combined 
with assessment o f  the thermal stability o f  the solid solutions as well as with 
thermodynamic predictions for these systems. This would possibly indicate safely the
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optimum alloying level (or range) for several service conditions o f  the alloys 
produced (i.e. service temperature, duration etc.). A  further extension o f  the Auger 
parameter studies would be in-situ (i.e., inside the spectrometer preparation chamber) 
production o f  alloys via sputtering in order to reduce the contamination level and 
increase the reliability o f  the compositions. The charge transfer in the systems 
produced and its effects could be studied as a function o f  composition. Comparison 
between the sputtered alloys and alloys produced with other methods (conventional or 
rapid solidification) or heat treated alloys, would potentially help to clarify the effect 
o f  charge transfer on microstructural changes (e.g. order-disorder, compound 
formation).
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P O L IS H IN G  M E N U  F O R  P V D  M g -X  (X = Z r ,V )  A L L O Y S
_________________________   Anm'ndix
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A P P E N D IX  A 2  
R E L A T IO N  O F  T H E  A U G E R  P A R A M E T E R  T O  R E L A X A T I O N  
E N E R G Y
According to Kooppan's theorem the ionisation (or binding energy) o f  a core 
photoelectron in a free atom is equal to the eigenvalue foimd for the one-electron 
Schrodinger equation for orbital i in the self consistent filed (SCF) calculations for the 
N-electron atom
E b ( i)  K o o p m a n  ( 1 )
However, this theorem presupposes the frozen orbital approximation since it ignores 
the fact that the electrons in the remaining atomic shells relax as the photoelectron 
leaves, providing thus stabilisation energy for the ion. When the relaxation energy 
term is taken into account then equation ( 1 ) becomes
Eb(i)= -e(i)-R(i) (2)
where R is the intra-atomic relaxation or rearrangement energy.
In a different environment i.e. in a molecule or solid there will be two effects taking 
place:
(i) bonding to neighbouring atoms will change the atomic energy levels in the ground 
state by the amount Ae{ and
(ii) electrons from the extra-atomic (neighbouring) environment may re-adjust during 
ionisation, thus reducing further the total energy o f  the ion.
These effects can be expressed as two additional terms Ae; and Rea in the new equation 
for the binding energy o f  an electron in the i shell.
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E b(i)= - ej - Aer  R - Rea (3)
therefore the binding energy shift between the two different environments is
the extra-atomic relaxation energy (Rea) is also known as polarisation energy given by 
the equation (5)
where
e=charge o f  the ion
r=radius o f  minimum electron screening distance 
k=the dielectric constant
The kinetic energy o f  an Auger electron is given by the difference in the energy o f  the 
atom between the initial (one hole) and final (two hole) states. Thus for example for a 
ijj Auger transition
where Rs is the intra-atomic "static" relaxation energy for the j shell and F(x) is an 
electron-electron interaction term included because o f  the double electron vacancy in 
the final state. In terms o f  orbital (e;) and extra-atomic relaxation (Rea) energies 
equation (6) becomes
A e^ - Ae; - R^a (4)
Rea= e2/ 2r (1-1/k) (5)
Ek(iii)~ b^(i) " 2^ba)+ RS " F „ (6)
■^k(ijj) “ e(i) “ R<i)+ 2%  + 2Rj - F(x) + Rs (7)
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The shift o f  between two environments (ie. free atom-solid) is given by the 
following equation
AEk(iij>= - Aej - R,“  + 2Aej + R f  (8)
where R/ 3 is the extra-atomic relaxation energy in the presence o f  1 hole in i shell and 
Rjj63 is the extra-atomic relaxation in the presence o f  2 holes in the j shell.
Considering that shifts o f  orbital energy in different shells are experimentally closely 
the same, then equation (8) becomes
AE^ ijj)— Aej + Rjjea - Rjea (9)
Since Rea is proportional to e2 then R¥a must be higher than R^ by a factor o f  4 
(ie. R_yea = 4RIca), thus equation (9) becomes
AEk(iij) = Aej + 3Riea (10)
Following the definition o f  the modified Auger parameter
Aa=AEk(ijj) + AEb(i)
=Aej + 3Riea-A ei -R iea
=2R/a (or l/2Ryea)
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